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Abstract
We utilize first principles density functional theory (DFT) calculations to investigate
electronic and interfacial structures, thermodynamic and kinetic properties of hybrid interface
materials. Hybrid interfaces are composed of heterogeneous materials creating unique
properties unavailable with pure substances, such as enhanced mechanical, electrical, magnetic,
and optical properties. To design the hybrid interface materials with enhance properties atomic
level understanding of the structures are the first step. This thesis utilizes density functional
theory calculations based on quantum mechanics to accomplish the goals, and additionally
applies ab-initio and statistical thermodynamic formalism and molecular dynamics simulations.
With the methodologies emerging materials for energy convergence and storage devices are
computationally predicted and designed to acquire best performance of the systems.
Specifically the thesis focused on two types of hybrid interface materials: thin Film coating to
stabilize active electrode of Li-ion batteries and Dispersion of uniform nanoparticles to create
i

multi functionality (mechanical and electric properties).
In the first part of the thesis, we study how to enhance thermal stability of cathodes with high
Ni composition in Li-ion battery application. It is found that several atomic layers of
amorphous Al2O3 is very useful for enhancing the durability, which originates from strong
attractive interaction between LiNiO2 (012) and Al2O3 deposits interface via highly ionic
chemical bonding of Al and O. If combined with the experimental atomic layer deposition
(ALD) technique the results can guide developing high performance electrode materials in Liion batteries.
Secondly, the thesis demonstrates that catalytic activities towards oxygen reduction and
evolution reactions (ORR and OER) in a Li–O2 battery can be substantially improved via
hybrid materials with doped graphene and metallic supports. The activities are accurately
predicted by thermodynamic free energy diagrams, by which the rate-determining step
dominantly controlling overpotentials is identified.
Thirdly, DFT calculations are applied to band gap engineering of zirconia (ZrO2), which has
a wide band gap (~ 5 eV). It is shown that the width of the band gap is sensitive function of the
concentration of oxygen vacancies. By controlled magnesiothermic reduction white ZrO2
transforms into oxygen deficient black ZrO2-x, which has substantially lower band gap (~ 1.5
eV). Combined with experimental fabrication and measurement it is nicely shown that for the
first time, the black ZrO2-x interact with solar light with dramatically enhanced absorbance and

ii

significant activity H2 production with excellent stability.
The forth part of this thesis reports that DFT calculations can accurately predict mechanical
properties of fabricated single crystal Ni2Si nanowire (NW). The material is experimentally
synthesized using simple three-step processes: casting a ternary Cu-Ni-Si alloy, nucleate and
growth of Ni2Si NWs as embedded in the alloy matrix via designing discontinuous precipitation
(DP) of Ni2Si nanoparticles and thermal aging, and finally chemical etching to decouple the
Ni2Si NWs from the alloy matrix. DFT calculations of strain-stress curve for the Ni2Si NW is
validated by direct application of uniaxial tensile tests to the sample and high-resolution
transmission electron microscopy (HRTEM), and energy-dispersive X-ray spectroscopy
(EDX).
Lastly, DFT calculations and ab-initio thermodynamics are applied to develop completely
new hybrid interface materials by Cu-based alloys to obtain high-mechanical properties
(strength, ductility) and electrical conductivity simultaneously. It was not so successful in
previous studies since the tow properties are mutually exclusive as conventionally speculated.
It is, however, demonstrated that two contradictory material properties can be improved
simultaneously if the interfacial energies between Cu matrix and uniform structures of Al2O3
nanoparticle are carefully controlled. The key underlying mechanism is elucidated as uniform
dispersion of γ-Al2O3 nanoparticles over Cu matrix by adding small amounts of Ti solutes.
Amazingly, Ti dramatically drives phase transformations of γ-Al2O3 particles from irregular

iii

shapes to homogeneous spherical morphologies via regulation of interfacial energies, leading
to substantial enhancement of the mechanical property of Cu matrix without degrading its
electric conductivity.

We propose that the systematic methodologies pursued in this thesis significantly contributes
to opening innovative ways to design various kinds of hybrid interface materials leading to
improving performances of energy devices, advancing nanotechnology and commercializaing
emerging materials into industries.

Keywords: First principles, Hybrid interface materials, Energy storage, Convergence
devices
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Chapter 1.

Introduction

In this thesis, we perform an extensive computational study of the interface and electronic
structures, thermodynamic and kinetic properties of hybrid interface materials using first
principles density functional theory (DFT) calculations. Hybrid interface materials are
currently one of the most important energy storage and convergence device materials. We
begin this chapter with a short description of hybrid interface materials (section 1.1). The
chapter ends with a motivation and an overview of this thesis (section 1.2).

1. 1 Hybrid interface materials
Multifunctional devices are important to meeting various human requirements and the
environmental complexity of operational conditions. Considering that component materials of
any device play a key role in determining the overall efficiency of successful design of the
multifunctional systems requires a fundamental understanding of the origin of material
properties and sound integration of the individual material into practical engineering
applications such as the green energy industries and convergence devices. However, the design
of materials with multivariate functionality is strictly limited by the conventional laws,
especially when the desired properties appear to be mutually exclusive. In the last decade, nano
scale materials played key roles in advancing the frontiers of sciences and technologies through
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innovative breakthroughs to conventional properties for bulk materials. The synthesis
processes, however, were typically more complicate than bulk materials. Also, durability of
nano materials are unsolved issues for the commercialization. This situation becomes even
more challenging as material dimension reduces to two (nanowire) or one (quantum dot).
Hybrid interface materials that create enhanced mechanical, electrical, magnetic, optical
properties through the synergy effect of interface, which show the higher performances than
nano-sized materials without conventional speculations.1-4 Also, hybrid interface materials
enable the connection of precious metals and various inexpensive materials that can solve the
cost problem. For examples, non-precious metal encapsulated by graphene for oxygen reaction
catalysts, combination of anatase and rutile TiO2 for photocatalysts, ZrO2/Al2O3/ZrO2 (ZAZ)
structure for dynamic random access memory (DRAM) are reported (Figure 1.1).5-7 Hybrid
interface materials based technology enables to create products such as multifunctional
convergence devices and futuristic energy conversion and storage system.
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Figure 1.1 Schematic diagram of hybrid interface materials and their applications.
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1. 2 Motivation and overview
In this thesis, we utilize a first principles density functional theory to investigate interface and
electronic structures, thermodynamic and kinetic properties of hybrid interface materials. The
thesis is divided into twe parts. In chapter 3, 4, 5, we study the film-type hybrid interface
structures such as ultrathin coating, encapsulation, and surface modification. Chapter 6 and 7
we investigate dispersion-type hybrid interface structures. The motivation of each chapters are
stated as below:

1. Surface ultrathin coatings on the electrodes could improve the durability in Li-ion battery
system. For example, Lee and co-workers demonstrated that ultrathin Al2O3 deposits on
layered LiCoO2 structure coated by atomic layer deposition (ALD) enhanced both the cycling
performance and the lifetime of Li-ion battery with a liquid electrolyte environment.8 Similar
benefits were also reported for Li[Ni,Co,Mn]O29 and in Li excessed Li[Li,Ni,Co,Mn]O210-11
cathodes. It was speculated that Al2O3 layers suppressed electrochemical dissolution of
transition metals via prevention of direct physical contact between the cathode and the
electrolytes. However, thermal stability of cathodes in LIB application with the surface
coatings has been rarely reported in previous theoretical and experimental studies.

2. It was demonstrated that a Li–O2 rechargeable battery could store energy density as much

4

gasoline fuel. Furthermore, aprotic electrolyte enables to solve safety issues of rechargeable
Li–O2 battery aroused in aqueous solution, such as dendrite formation of Li metal in anode. It
is originated from the spontaneous formation of a reaction barrier between anode and
electrolyte protecting Li metal. In the aprotic electrolyte lithium oxide (Li2O) or peroxide
(Li2O2) forms at the cathode via electrochemical reaction of 2Li + 1/2O2 ↔ Li2O or 2Li + O2
↔ Li2O2 at the cathode. Therefore, the reaction kinetics and energy capacity of the Li–O2
battery over the discharge-charge process are sensitive to the oxygen reduction reaction (ORR)
and oxygen evolution reaction (OER) as well reported by previous literatures.12-13
Typically, the ORR/OER is kinetically too slow to acquire desired power density in the Li–
O2 battery operation and the major origin of thermodynamic potential loss (overpotential).
Intensive studies in the aprotic Li–O2 batteries have been, thus, focused on identification of
highly active catalysts toward ORR/OER largely with noble metals alloys or oxides. Recently
there were extensive experimental and theoretical efforts to reduce the material costs by
developing earth-abundant and light catalysts such as N-doped low dimensional carbons
(graphene nanosheets, carbon nanotubes and so on). These non-precious catalysts indeed led
to improved activity at fuel cell systems, sometimes even better outcomes if supported by
transition metals. Regarding the mechanism of the higher performances with those nonprecious catalysts or hybrid interfaces between organic and metals was attributed to the
abundant active sites near the dopant (or types of defects) and charge distribution at the
interface. Beyond the structural and space charge issue understanding mechanism from atomic
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level interaction between lithium (per)oxides and catalysts was still remains unclear.

3. The ever-growing worries about future energy resources for the mankind stimulate the
present scientific research community to develop new materials for sunlight harvesting. In
general, zirconia (ZrO2) is not considered for sunlight absorption as it is a semiconductor with
a wide band gap of around 5 eV and absorbs only ultraviolet (UV) light. Recently, black TiO2x materials were achieved by creating oxygen vacancies and/or defects at surface using different

methods such as H2 treatment, chemical reduction, chemical oxidation, electrochemical
reduction, and anodization-annealing.14-15 Fascinatingly, they exhibited an extended absorption
in visible (VIS) and infrared (IR) instead of only UV light that is usually absorbed by white
TiO2. Such drastic change of the properties in black TiO2-x was mainly ascribed to the high
amount of oxygen vacancy and/or surface defects and Ti3+, which introduce new energy bands
near Fermi level. Consequently, the electronic band gap decreases from 3.2 (anatase) to ~1
eV.14-15 The concept of introduction of defects was also used for other metal oxides to improve
the optical properties. In this context, the fabrication of oxygen-deficient black ZrO2-x will be
interesting to study the change in properties concerning sunlight harvesting.

4. Nanowires (NWs) have been widely employed as key components for electric circuits16,
optical nanodevices17 and so on. Especially, Si-based NWs are indispensable for various kinds
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of devices exposed to high mechanical loadings and electric or chemical perturbations18. In
such circumstances, the NWs should possess (electro-) chemical stability and mechanical
integrity over long-term operation.19-22 While electric properties of the Ni2Si NWs have been
extensively studies by theories and experiments23-25, mechanical behaviors were still inferred
from indirect measurements on NW samples or extrapolated from bulk materials, largely due
to difficulties in reliable design and experimental test of NW specimen.

5. Enhancing the mechanical strength of a Cu alloy without sacrificing the electrical
conductivity is a long-standing example of the issue. Traditionally, the strengthening
mechanical properties of metallic alloys was based on the complicated manipulation of the
lattice structure of the parent material, which inevitably manipulates or disrupts electron
transport in the desired direction reducing electric conductivity and often decreases ductility.2627

Two widely employed methods27-28 utilize either the modification of grain structures or the

addition of foreign elements followed by heat treatments.
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Chapter 2.

Computational methodologies

2. 1 First principles DFT calculations
First-principles methods based on the quantum mechanics solve the Schrödinger equations
(Equation 2.1) without any assumptions and empirical parameters.


ˆ

i

t

(2.1)

where ̂ is Hamiltonian operator and  is the electron wave function. Hohenberg, Kohn
and Sham developed the density functional theory (DFT) to solve Schrödinger equations with
substantially low computational costs but keeping the accuracy of calculations.29 DFT is used
in materials science to study the electronic structure of many-body systems, in particular atoms,
molecules, and crystal systems. Using DFT, the properties such as electron energy level, charge
distribution, and stable structures can be determined by using functionals which is dependent
on electron density. It means that the ground state properties of a many-electron system are
simply determined by an electron density (3 spatial coordinates).30
The computational calculations of the effects of the Coulomb interactions between the
electrons called the exchange and correlation interactions, however, is difficult within the DFT
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method. One of the simple approximation is the local-density approximation (LDA) based on
the exact exchange energy and fitted correlation energy for a uniform electron gas (related with
Tomas-Fermi model). The kinetic energy functional is exactly known at approximated system.
An improvement to exchange-correlation function of LDA made by considering the gradient
of the electron density named generalized gradient approximation (GGA). The exact exchangecorrelation functional, however, still remains unknown and must be approximated.
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2. 2 Electron localization function (ELF)

The electron localization function (ELF) introduced by Becke and Edgecombe31 (1990) is a
useful tool to describes and visualizes chemical bonds in molecules and solids. An alternative
interpretation has been given by Savin et al.32 (1992) considering the local excess kinetic
energy density, due to Pauli principle.

The formulation of Becke and Edgecombe is based on the ratio 𝜒𝐵𝐸 (r) = D(r)/𝐷ℎ (r), where
D(r) represent the curvature of the spherically averaged probability density to find close to a
reference electron (located at the position r) another same-spin electron and 𝐷ℎ (r) is the
corresponding expression for a uniform electron gas of the same electron density.31

An alternative interpretation according to Savin et al.32, the ELF can be seen as the ratio
𝜒𝑆 (r) = 𝑡𝑃 (r)/𝑡ℎ (r) of the Pauli kinetic energy density, 𝑡𝑃 (r), at the position r and the kinetic
energy density, 𝑡ℎ (r), of a uniform electron gas of the same electron density. In this case the
pair density is not needed for the derivation of the ELF formula. In both formulations, the ELF
compares a measure of the local Pauli repulsion in the system examined with that in a uniform
electron gas of the same density.

Defining the ELF as below:
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ELF =

1

(2.2)

2
𝐷
)
𝐷ℎ

1+(

ELF values equal 0.5 in the case of a metallic (electron gas) like distribution and 1 corresponds
to the perfect localization (covalent bonding).
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Chapter 3.

LiNiO2 with Al2O3 ultrathin coating

3. 1 Introduction
A Li-ion battery (LIB) has been extensively utilized to empower locomotive electric vehicles
and portable electronic devices. Recently, it was also considered promising for storing
largescale electric energies connected with renewable energy systems through a smart grid
network.33 While the high energy capacity and power density of LIB have been substantially
improved over the last several decades, still long-term electrochemical and thermal stability
remain unsolved issues.34-35 This was largely ascribed to unfavorable interface reactions
between the electrolyte and electrode of the LIB system. For example, it was reported that
conventional liquid-phase organic electrolytes had potential risks to inflame at high
operational voltage conditions,36-37 whereas cathodes with high Ni compositions were
seriously damaged by thermal instability.38-39 Recently, it was reported that surface coatings
on the electrodes with thin oxides could improve the durability.8-11, 40-43 For example, Lee and
co-workers8, 42 demonstrated that ultrathin Al2O3 layers on LiCoO2 coated by atomic layer
deposition (ALD) enhanced both the cycling performance and the lifetime of LIB in a liquid
electrolyte environment. Similar benefits were also reported for Li[Ni,Co,Mn]O29 and in Li
excessed Li[Li,Ni,Co,Mn]O210-11 cathodes. It was speculated that Al2O3 layers suppressed
electrochemical dissolution of transition metals via prevention of direct physical contact
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between the cathode and the electrolytes. However, thermal stability of cathodes in LIB
application with the surface coatings has been rarely reported in previous theoretical and
experimental studies. In this paper, we studied LiNiO2 (LNO) cathode with and without Al2O3
overlays on a (012) surface, the Li channel for the de-/intercalation process. We chose the
LNO material since it is a archetype cathode showing high-energy capacity but low thermal
stability resulting from substantial surface reconstruction over long period of time of LIB
operation.44-45 Using first principles density functional theory (DFT) calculations and ab-initio
molecular dynamics (AIMD), we identified energetically stable interface structures between
the LNO(012) surface and deposited Al2O3 layers as a function of the coating thickness.
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3. 2 Computational details
Our model system was the interface between LNO(012) surface and Al 2O3 deposits in the
(0001)

direction

of

corundum

structure

(α-Al2O3)

as

shown

in

Figure

3.1:

(0001)Al2O3/(012)LNO. Experimental observation revealed that LNO cathode underwent
severe structural degradation especially in the direction of Li-ion intercalation (or
deintercalation) channels.45 The unit cell of the model system was composed of 36, 36, and 72
atoms of Li, Ni, and O, respectively, for LNO(012) slab, which contacted with Al2O3 having
12 and 18 of Al and O atoms per each layer. First principles DFT calculations were performed
with the spin-polarized Perdew−Burke−Ernzerhof46 exchange-correlation functionals and the
projector-augmented wave47 method, as implemented in the Vienna ab-initio simulation
package (VASP)48. The Hubbard U values (GGA+U)49 6.70 and 6.53 eV were used for LiNiO2
and Li0.75NiO2 in all calculations to correct the delocalization of 3d electron states of Ni as
proposed in the literature.50 We use the gamma-centered 1 × 1 × 1 k-point scheme to integrate
the Brillouin zone. AIMD simulations were utilized to estimate thermal stability of the model
system. The time step of a AIMD simulation was chosen to be 1 fs with 1000 time steps, except
for bare LNO (2000 time steps), in the NVT ensemble under constant volume and NoseHoover thermostat conditions.51
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3. 3 Results and discussion
Our DFT calculations indicated that Al and O in Al2O3 were positioned with the ordering of
the parent α-Al2O3 crystallinity if the coating thickness is less than two atomic layers (Figure
3.1a, b). Surprisingly, with three atomic layers Al2O3 was stabilized by phase transformation
form the crystal to the amorphous structure (a-Al2O3) as shown in Figure 3.1c. The interlayer
distance of the crystalline Al2O3 was about 2 Å , but 3 Å in a-Al2O3 due to larger free volume
of the amorphous phase, which agreed well with ALD experiments at low temperatures
(393−453 K).41,

52-56

In such temperatures, α-Al2O3 (corundum structure) was known as

thermodynamically unstable compared to a-Al2O3.57 Our DFT calculations showed that Al in
the bottommost layer of a-Al2O3 strongly bonded to O of the LNO(012) surface as they were
in the corundum structure. The Al atoms in the third layer were completely disordered.
Using the electron distribution profile calculated by the electron localization function (ELF)58
implemented in VASP, we characterized the chemical bonding nature between Al and O near
the contact interface of the model system. The ELF values range from 0 to 1, where ELF = 1
represents an entire localization of the electrons, while ELF < 0.5 means no chemical bonding.
Figure 3.2 illustrates the ELF of Al and O as a function of Al2O3 coating thickness. It clearly
shows that Al−O features strong ionic bonding. To understand how the ionic bonds influenced
the contact strength of (0001)Al2O3/(012)LNO, we calculated interface decohesion as a
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function of Al2O3 thickness. We defined interface decohesion energy, Wde, as Equation (3.1)

Wde 

ELNO  E Al2O3  EInter

(3.1)

A

where ELNO and EAl2O3 are total energies of the LNO(012) surface and Al2O3 layers,
respectively. A is the interface area and EInter is the total energy of the (0001)Al2O3/(012)LNO
interface. Our DFT calculations provided us Wde values of 1.91, 1.35, and 1.24 J m−2 for one,
two, and three atomic layers of coatings, respectively. The positive decohesion energies implies
that thermodynamically these two materials are stable in the formation of the interface,
although the interface contact strength decreases with the thickness of the coating layer,
agreeing with a previous report.59 By increasing the number of coating layers, O in the
LNO(012) surface exchanges electrons with more Al, reducing the decohesion energy. Because
of the positive decohesion energies, the chemical-bonding characteristics of Al−O are still
sustained in spite of the increased layer thickness.
We investigated the effect of state of charge of Li on thermodynamic stability of the interface
model (0001)Al2O3/(012)LNO, which was rarely reported previously. Our DFT calculations
indicated that Li on the LNO(012) surface thermodynamically prefer to move into the Al 2O3
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layers with different propensity depending on the thickness: −4.88, −3.00, and −4.37 eV for
one, two, and three atomic layer coatings, respectively (Figure 3.1d, e, f). It agrees well with
experimental observation60-62 that Al2O3 with one or two layers were further stabilized as
Li3.4Al2O3, with extra Li. In addition, the ternary phase diagram for Li, Al, and O shows that
high Li composition in Al2O3 can induce phase transformation from crystalline to amorphous
structures.63 Consequently, Li on the LNO(012) surface is thermodynamically driven to
migrate into the Al2O3 layers, especially over the first charging process.
Using ab-initio molecular dynamics (AIMD) at T = 400 K, we investigated the thermal
stability of the LNO(012) surface without and with Al2O3 coating. First, we studied the bare
LNO(012) surface at two extreme conditions of Li compositions: fully lithiated (Li1.0) and
delithiated states (Li0.75). Figure 3.3a illustrates the projected density of state (DOS) of the 2p
orbital of O, on the outmost LNO(012) surface, which clearly shows that O was partially
oxidized into O−2+δ in a delithiated state, leading to chemical instability. This electronic
structure explains the reason why LNO materials are unstable, particularly in a delithiated state
versus serious surface reconstruction from layered to rock-salt structures. Indeed, our AIMD
simulations at T = 400 K showed that O2 (g) evolved from LNO(012) surface only after 1 ps
in a delithiated state (Figure 3.3c). Therefore, both DOS and AIMD simulations consistently
propose that the bare LNO(012) surface is vulnerable to thermal structural degradation when
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Li composition is lower than 1.0. The results of AIMD steps are depicted in Figure 3.4.
In contrast, the LNO(012) surface coated by a-Al2O3 with Li inside showed dramatically high
thermal stability as shown in Figure 3.5. To understand the origin, we utilized DFT calculations
to obtain bond characteristics of the a-Al2O3 with (Figure 3.5a) and without (Figure 3.5c) Li
on the outmost layer. The yellow (O−O) and red (Al−O and Li−O) colors indicate covalent and
ionic bonds, respectively. Moreover, our AIMD simulations showed that O2 (g) evolved from
the LNO(012) surface coated by Al2O3 without Li (Figure 3.5b), where covalent bonding is
dominant. The a-Al2O3 with Li, however, no O2 (g) evolution was observed (Figure 3.5d).
Consequently, our results indicate that the a-Al2O3 coating enhances structure stability of the
LNO(012) surface by forming strong ionic bonds between Al and O located at the contacting
plane. In turn, thermodynamic stability of the Al2O3 coating layers is substantially improved
by Li within the layers, which eventually leads to better protection of the LNO(012) surface
versus O2 (g). In accordance with the facts the radial distribution functions (RDF) obtained by
AIMD simulations at T = 400 K indicated that bond distances of Al−O (1.85 Å) and Li−O
(2.00 Å ) barely changed as depicted in Figure 3.6. Again, it shows that the LNO(012) surface
with the amorphous-phase-coated Al2O3 with Li inside is thermally stable.
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3. 4 Conclusions
Using first-principles DFT calculations and AIMD simulations, we characterized thermal
stability of the LNO(012) surface with ultrathin Al2O3 coating.64 We identified that Al2O3 with
one and two atomic layers in the (0001) direction of corundum was stabilized with the parent
crystallinity, but phase-transformed into amorphous structure at three atomic layers. Interface
decohesion energy between the LNO(012) surface and Al2O3 decreased with the increase of
Al2O3 thickness but still maintained strong Al−O ionic bonding, which controlled the interface
contact strength of the two materials. Our AIMD simulations and RDF consistently confirmed
a-Al2O3 and Li composition in the coating layers are key parameters keeping the LNO(012)
surface from serious degradation via O2 (g) evolution. Our work will contribute to guiding
rational design of a high-performance LIB system with thermally stable materials over a long
period of operation.
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Figure 3.1 Interface structures of the LNO(012) surface and Al2O3 coatings as a function
of the layer thickness. No Li inside the Al2O3 are depicted in (a), (b), and (c), while in (d),
(e), and (f) Li was located at the outmost coating of the Al2O3 layer. Green, silver, lightblue, and red solid spheres mean Li, Ni, Al, and O atoms, respectively.
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Figure 3.2 Profile of electron localization function (ELF) in the (0001)Al2O3/(012)LNO
model system with different Al2O3 coating thicknesses: (a) 0.20 nm, (b) 0.42 nm, and (c)
0.88 nm. The 1.0 of the numerical scale on the side bar implies complete ionic bonding
between Al in the bottommost Al2O3 layers and O on top of the LNO(012) surface, and
the lower the value, the weaker the ionic bonding character.
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Figure 3.3 (a) Projected density of state for O on bare LNO(012) surface with different
Li compositions. AIMD simulations at T = 400 K of Li1.0NiO2 in (b) and in (c) Li0.75NiO2
predicted both the LNO(012) surfaces are vulnerable to oxygen gas evolution but more
serious in the case of less Li composition. Yellow dashed circle means that O was partially
oxidized into O−2+δ in a delithiated state.
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Figure 3.4 Outcomes of AIMD simulations at T = 400 K for bare LiNiO2 in (a) and in (b)
Li0.75NiO2 captured by every 0.5 and 0.25 time steps, respectively. Green, Grey and Red
spheres denote Li, Ni and O respectively.
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Figure 3.5 ELF (a, c) and AIMD simulations (b, d) in the (0001)Al2O3/(012)LNO systems
with and without Li atom in the Al2O3 coating layers. With Li in Al2O3 deposits (c, d)
protect the LNO(012) surface versus O2(g) evolution much better than without Li (a, b)
in the layer. The underlying mechanism was analyzed by bonding characteristics between
the component elements.
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Figure 3.6 RDF of amorphous-phase Al2O3 coated on the LNO(012) surface calculated by
DFT calculations (solid line) and AIMD simulations at T = 400 K (dotted line).
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Chapter 4.

Graphene-based catalysts

4. 1 Introduction
There is a general understanding that we were faced with serious environmental degradation
and energy sustainability issues, which largely originated from harvesting conventional fossil
fuels. Extensive efforts with research and development over the last decade deployed several
renewable energy conversion and storage devices and some of them to the level of
commercialization. For example, a Li–ion battery system plays a role in powering various
locomotive devices such as hybrid or complete electric vehicles. Recently, Li–ion batteries
were further developed to enhance the energy density, prolong cycle life, and improve safety.
Nevertheless, it is expected that quite a long time framework is necessary to achieve the goals.
In the meantime, a Li–O2 rechargeable battery has been focused on as another electric power
system, due to its high energy density even comparable to gasoline fuels in principle.65-66
Unlike the conventional Li–ion battery where Li ions intercalate into electrode, lithium oxide
(Li2O) or peroxide (Li2O2) forms at cathode of the Li–O2 battery under aprotic electrolyte via
reactions as described in Equation (4-1) and (4-2).

2 Li  1/ 2O2  Li2O

(4-1)
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2Li  O2  Li2O2

(4-2)

Equation (4-1) and (4-2) clearly propose that oxygen reduction and evolution reaction (ORR
and OER) play key roles to determine the system efficiency as already reported.67-69 Since the
ORR and OER are very sluggish in the electrochemical environment of Li–O2 battery,
rendering utilization of efficient electrocatalysts inevitable.
Unfortunately, up to now highly functional electrocatalysts for the ORR/OER were not
completely developed to the commercialization level, at which low material cost, catalytic
activity, and stability are critical. Previously many catalysts designed as metallic alloys or
oxides with precious elements were developed to test the performance.70-74 Recently, cheaper
materials of N-doped carbons (i.e., graphene nanosheets, carbon nanotubes etc.) were reported
to often demonstrate better catalytic activity towards the ORR and OER in Li–O2 battery
systems.75-78 In addition, Noh et al.5, 79 demonstrated that non-precious metals encapsulated by
N-doped carbon shells could be promising ORR catalysts with high activity and durability in
proton exchange membrane (PEM) fuel cells. The reason was ascribed to rich active sites and
heterogeneous charge distribution near the dopant at the hybrid interfaces between the core
metal and carbon layers.
The complexity of ORR and OER involving multi-electron transfer reactions rendered the
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clear understanding of underlying mechanism challenging. Efforts to identify a key descriptor
to the reactions in graphene-based catalysts for Li–O2 battery have been disputed largely in two
aspects: either adsorption energy of O2 and Li80-81 or LiO2 in the catalyst surfaces82-83. Towards
clarifying the characterization of atomic-level interaction energies among those chemical
species and compounds are obviously the first step. And, mapping the interaction energies into
thermodynamic free energy diagrams for the ORR/OER should be the relevant next step. These
two-step approach enables to identify key descriptor and rate-determining step of the catalytic
reactions. Furthermore, the method can lead to proposal of promising candidates if combined
with high throughput computational screening of materials and guide design concept
optimizing the properties.
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4. 2 Computational details
Applying first principles density functional theory (DFT) calculations we, for the first time,
evaluated catalytic activity of graphene nanosheet (Gr) supported by Cu(111) surface (Gr/Cu)
toward ORR/OER for Li–O2 battery system operating with an aprotic electrolyte. To achieve
the goal we rigorously analyzed effect of nitrogen (N) doping, rate-determining step, and key
descriptor from calculated free energy diagrams as a function of electrode potential.
We used first principles DFT calculations as implemented in Vienna ab-initio simulation
package (VASP)48 with the spin-polarized Perdew-Burke-Ernzerhof (PBE) generalizedgradient approximation (GGA)46 exchange-correlation functionals and the projectoraugmented wave (PAW)47 approach. We use the gamma-centered 3 × 3 × 1 k-point scheme to
integrate Brillouin zone. The energy cutoff for plane-waves was set to 520 eV and calculations
were continued until total energy difference was converged within 10-5 eV. Because of
notorious errors by the GGA functional for calculating binding energy of O2 molecule we
evaluated the energy using experimentally measured formation energy of a Li2O2 (-5.92 eV per
formula unit).84 We did not include the correction of zero-point energy according to previous
suggestion.69
We setup a slab model for Gr with a honeycomb symmetry and overlaid on Cu(111) surface
(Gr/Cu) as shown in Figure 4.1a. Doping level of N was fixed to approximately 3.1 at.%. The

29

lattice constant of Cu metal was calculated as 3.627 Å being in reasonable agreement with
experimental measurement of 3.615 Å .85 The Cu surface was composed of five layers stacked
in the direction of (111) plane of face centered cubic (fcc) crystal. Our model system was
designed with 4 × 4 supercell of Cu(111) surface (a = b = 10.258 Å ) with 12 Å vacuum space
to preclude interactions among the images. Our calculations showed that there are lattice
mismatch of 4.23 % between Gr and Cu(111) surface, implying that C–C bond are elongated
about 0.06 Å from its equilibrium distance in pure graphene as previous work reported.86
During computations Cu atoms at the bottommost two layers were fixed to their bulk positions
but others including all atoms in graphene layer and adsorbates were fully relaxed. The top
view of the Gr/Cu with and without doped N were illustrated in Figure 4.1b and 4.1c.
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4. 3 Results and discussion
Lu et al.87 reported that reaction intermediates in the ORR are sensitive to the nature of a
catalyst in dissociating O2, of which activation energy is lower than binding energies with both
Gr and N-Gr88. Furthermore, computational results80,

83

and experimental observation75-76

proposed that nanoclusters of (Li2O2)n are more easily form than other kinds of chemical
species in Gr and N-Gr surfaces. Based on these previous studies we assumed following fourelectron mechanisms in ORR, via series of three elementary steps:

2O2  4  Li   e   O2  LiO2 * 3  Li   e 
O2  LiO2 * 3  Li   e   O2  Li2O2 * 2  Li   e 

(

)

O2 + Li2O2 *+2 Li + + e - « (Li2O2 )2 *

(4-3)

(4-4)

(4-5)

where the label “*” denotes adsorbate in catalyst surface. We assumed the reverse reactions
can well describe OER mechanism in accordance with previous reports.12-13
To identify a rate-determining step we calculated thermodynamic free energy diagrams for
the ORR/OER in the Gr, N-Gr, Gr/Cu, N-Gr/Cu, and clean Cu(111) surfaces as a function of
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electrode potential (U). Thermodynamic potentials for charging and discharging processes
were deduced by calculating free energies of all intermediates shown in the elementary reaction
steps. We assumed Li+ + e– are in electrochemical equilibrium at U = 0 V with a bulk Li metal.
Once potential U is sets in electrochemical potential of electron assumed to shift by –neU
according to Nernst equation, where n is the number of electrons involved with the
electrochemical reaction and the e is elementary charge.
We defined overpotential for discharging (charging) process as the maximum (minimum)
potential to shift the free energies of all intermediates of ORR/OER downhill. UC, UDC, and U0
denote a minimum electrode potential for charging, the maximum potential for discharging
reaction and the equilibrium potential in Li–O2 battery, respectively in Figure 4.2.
Our results indicate that free energy diagrams of ORRs in N-Gr, Gr/Cu, and N-Gr/Cu (from
the left to the right in Figure 4.2) are all downhill at U = 0 V. In the discharging process, free
energies stay downhill until the electrode potentials (UDC) reach 1.57 V, 1.94 V, and 1.59 V in
N-Gr, Gr/Cu, and N-Gr/Cu, respectively. Hence, we identified each overpotential of the
catalysts toward ORR in discharging process (ηORR = U0 - UDC) as 0.46 V (N-Gr), 0.11 V
(Gr/Cu), and 0.91 V (N-Gr/Cu), respectively, as represented in Table 1. The Gr/Cu showed the
lowest overpotential for ORR among the materials. It can be ascribed to the rate-determining
steps in the discharging process. At high potential the reaction steps (4-3) and (4-4) become
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uphill in free energies for all of the catalysts implying that both LiO2 and Li2O2 adsorptions
should be rate-determining steps in ORR.
The OER proceeds in the reverse direction of the free energy diagram for the ORR shown in
Figure 4.2. It shows that free energy diagrams become downhill as the charging potential (UC)
decreases to 2.23 V, 2.31 V, and 4.00 V for N-Gr, Gr/Cu, and N-Gr/Cu, respectively. Therefore,
we characterized overpotentials for the OER (ηOER) as 0.20 V (N-Gr), 0.26 V (Gr/Cu), and 1.50
V (N-Gr/Cu). The N-Gr catalyst shows the lowest overpotential toward the OER as similarly
in the ORR, due to the rate-determining steps: the adsorptions of LiO2 and Li2O2.
Our results strongly propose that the overpotentials for ORR and OER are governed by the
same rate-determining steps associated with the adsorptions of LiO2 and Li2O2 in the catalyst.
Consequently, it is of importance to optimize catalyst structures to control the adsorption
energies of LiO2 and Li2O2 in accordance with the Sabatier’s principle.89 To accomplish the
goal, we defined the adsorption energy as Equation (4-6),

Eads    Eintermediates / substrate  Eintermediates  Esubstrate 

(4-6)

where Eintermediates / substrate , Eintermediates , Esubstrate mean total energies of intermediates
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plus substrate, intermediates molecule, and the substrate only, respectively.
Using DFT calculations we identified thermodynamically stable structures as depicted in
Figure 4.2. It clearly shows that both doping N atom and supporting with Cu(111) surface
enhance the adsorption energies of all intermediates in ORR/OER. Bader charge analysis90
illustrates that electrons in N-Gr and N-Gr/Cu transfer from C to N (electronegativity C = 2.55,
N = 3.04 according to Pauling scale91) enhancing the binding energies of ORR/OER
intermediates, as depicted in Figures 4.3a and 4.3c. Additionally, the density of states (DOS)
of the electrons in Gr and N-Gr (Figure 4.4a) denote that the Fermi energy in N-Gr upshifted
leading to an n-type doping to a pure Gr. On the contrary, there is smaller amounts of electron
transfer (0.0176e) in the Gr/Cu surface from Cu support to Gr (Figure 4.3b) as similarly to the
report by Khomyakov et al.92 The electron DOS in a pure graphene is too small (compared to
that in a Cu surface) to change the Fermi level (Figure 4.4b). Our results also indicate that Cu
strongly attracts O2 due to its high enthalpy of oxide formation93 (CuO = –157 and Cu2O = –
169 kJmol-1). Thus, Cu support enables for a graphene to adsorb LiO2 and Li2O2 more strongly
than without the substrate.
Figure 4.5 illustrates overpotentials in the ORR and OER for the different catalysts as function
of adsorption energies of LiO2 and Li2O2. Surprisingly, overpotentials for ORR and OER in
the five catalysts exhibit “V”-shaped curves. The overpotentials in ORR decreases from Gr to
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Gr/Cu, and it is minimal at the Gr/Cu catalyst as the adsorption energies increase. Further
increases in the adsorption energies in Gr/Cu result in upshifting overpotential in ORR
compared to the rock bottom (Gr/Cu), leading to the “V”-type correlation. Since the OER is
desorption process the bottommost point is located at slightly lower adsorption energy side
than that of ORR.
The “V” curve clearly indicates that overpotentials towards ORR and OER are governed by
the same descriptor of the adsorption energies of LiO2 and Li2O2 in the catalysts. The effect
would appear most strongly in the initial stage of nucleation and growth of Li2O2.65 Our results
highly recommend that Gr/Cu can be a promising catalyst toward ORR and OER in Li–O2
batteries.
Previously76 it was shown that Li2O2 nanoparticles distributed more uniformly with smaller
sizes in the N-Gr than in a pure Gr. The larger the size of Li2O2 is generated, the poorer the
catalytic performance is induced due to reduced contacting areas with the catalyst and low
electric conductivity of Li2O2. The observation suggests that lower (zero-, one-, and two-)
dimensional N-Gr materials can provide abundant nucleation sites and thus, promote the
catalytic activity. One-dimensional N-doped carbon nanotube (N-CNT) were, indeed, known
to show high electrocatalytic activity in Li–O2 battery.75 Our DFT calculations strongly
propose that Gr/Cu or Cu encapsulated by Gr sheet can be better for higher ORR and OER
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than N-Gr and N-CNT. Underlying origins are the adsorption energies of LiO2 and Li2O2, and
the structural optimization for the catalysts in Li–O2 batteries.
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4. 4 Conclusions
In summary, we demonstrated that the adsorption energies of LiO2 and Li2O2 play key roles
in the catalysis of ORR and OER in Li–O2 batteries. We demonstrated the catalytic activity in
the Gr-based materials can be optimized via N atomic doping and employing overlaid Cu(111)
surface. It was shown that Cu support not only facilitates chemical interaction between O2 and
Li, and Gr surface, but also induces favorable electronic charge distribution at the interface
with Gr. Our calculated free energy diagrams for ORR and OER in Li–O2 battery in an aprotic
electrolyte as a function of electrode potential led to unveiling the fundamental mechanisms
for the rate determining steps and proposed promising candidate catalysts. Our study can help
for an optimal design of non-precious catalysts for ORR and OER over a wide range of
electrochemical energy devices.94
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Table 4.1 The calculated overpotentials of ORR/OER and adsorption energies of Li–O
intermediates with graphene based catalysts and Cu(111).
ηORR

ηOER

LiO2 (eV)

Li2O2 (eV)

(Li2O2)2 (eV)

Gr

0.57

0.29

0.86

1.14

1.34

N-Gr

0.46

0.20

1.42

2.20

3.12

Gr/Cu

0.11

0.26

2.15

2.85

3.19

N-Gr/Cu

0.91

1.50

3.84

4.14

5.00

Cu

1.91

1.90

5.17

5.40

8.73

38

Figure 4.1 Model systems for Gr/Cu and N-Gr/Cu, where Cu(111) surface. Brown, silver,
blue mean carbon, nitrogen, and copper, respectively.
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Figure 4.2 Free energy diagram of the N-Gr, Gr/Cu, N-Gr/Cu systems. The free energies
are shown at different potentials, U = 0 V is the open circuit potential, U 0 is equilibrium
potential, UDC (emerald line) is the maximum potential where discharge is still downhill
in all steps, and UC (pink line) is the minimum potential where charging is all downhill.
Insets show the optimized configurations with different substrates. Red and green balls
denote the O and Li atoms.
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Figure 4.3 Charge density distribution of the adsorbed Li–O intermediates on the (a) NGr, (b) Gr/Cu, and (c) N-Gr/Cu using Bader charge analysis. The green and blue colors
denote the negative charge accumulation and depletion, respectively.
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Figure 4.4 Calculated density of states for (a) Gr and N-Gr, (b) Gr and Gr/Cu. Fermi
level of N-Gr and Gr/Cu move upward from the Gr keeping the shape of conical point.
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Figure 4.5 The overpotentials of graphene based catalysts ORR/OER as a function of
calculated (a) LiO2, (b) Li2O2 adsorption energies. The green and pink dashed lines are
theoretical predictions of ORR and OER overpotentials, based on a simple Sabatier’s
principle.
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Chapter 5.

Black ZrO2-x photocatalyst

5. 1 Introduction
The ever-growing worries about future energy resources for the mankind stimulate the
present scientific research community to develop new materials for sunlight harvesting. In
general, zirconia (ZrO2) is not considered for sunlight absorption as it is a semiconductor with
a wide band gap of around 5 eV and absorbs only ultraviolet (UV) light.
Recently, black TiO2-x materials were achieved by creating oxygen vacancies and/or defects
at surface using different methods such as H2 treatment, chemical reduction, chemical
oxidation, electrochemical reduction, and anodization-annealing.14-15 Fascinatingly, they
exhibited an extended absorption in visible (VIS) and infrared (IR) instead of only UV light
that is usually absorbed by white TiO2. After its discovery, black TiO2-x finds several
applications, but more importantly, it shows improved photocatalytic activity for H2
generation and environmental pollutant removal in comparison to its white counterpart. Such
drastic change of the properties in black TiO2-x was mainly ascribed to the high amount of
oxygen vacancy and/or surface defects and Ti3+, which introduce new energy bands near Fermi
level. Consequently, the electronic band gap decreases from 3.2 (anatase) to ~1 eV.14-15 The
concept of introduction of defects was also used for other metal oxides to improve the optical
properties.95-96
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In this context, the fabrication of oxygen-deficient black ZrO2-x will be interesting to study
the change in properties concerning sunlight harvesting. However, it will be more challenging
as the electronic band gap of ZrO2 is higher than TiO2. Not only that, the oxygen vacancy
formation energy of ZrO2 (820-880 kJmol-1 at the surface and 860 kJmol-1 for bulk) is also
higher than that of TiO2 (530-580 kJmol-1 at the surface and 670 kJmol-1 for bulk).97-98 Thus,
the previous studies on reduced and/or oxygen deficient ZrO2-x have employed more drastic
conditions like high temperature evacuation, high temperature and pressure H2 treatment and
Ar+ bombardment97, 99, and mainly investigated the resulting change in electronic properties,
but no solar light harvesting and photocatalytic studies have been performed. There is no
meaningful report on fabrication of black ZrO2-x for solar light harvesting to the best of our
knowledge, which inspires us to develop black ZrO2-x to perceive the changes of properties
and photocatalytic activity.
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5. 2 Experimental and computational details
5. 2. 1 Preparation of oxygen-deficient black ZrO2-x
Commercially available monoclinic (as observed in XRD analysis) nano ZrO2 (WZ) was
purchased from Sigma-Aldrich and used as it is. Well-mixed sample with a proper molar ratio
of ZrO2 and magnesium powder was placed in a tube furnace and then heated with a ramp of
2.5 °C/min and maintained at 650 °C for 4 h in 5% H2/Ar atmosphere. After the annealing
treatment, the sample was etched for 24 h in 2.0 M HCl solution. Then, the sample was washed
with sufficient amount of water to remove the acid, and the removal of Cl– ion was checked
by AgNO3 solution. The washed solid mass was dried at 80 °C for 24 h to obtain black zirconia
(BZ). The molar ratio of ZrO2 and Mg was varied while other experimental conditions was
kept the same to get different black ZrO2-x samples and a trend of color change was observed
(Figure 5.1). Unless mentioned with a specific molar ratio of Mg, the BZ prepared with 1:1
molar ratio of ZrO2 and Mg was analyzed to examine the properties. Furthermore, a set of
different samples were prepared (i) in only Ar atmosphere in absence of any H2 and Mg, (ii)
using 5% H2/Ar atmosphere in the absence of Mg, and (iii) in the presence of Mg (1 mole
ratio with respect to ZrO2) in Ar atmosphere without H2 at 650 °C for 4 h.
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5. 2. 2 Characterization techniques
Powder X-ray diffraction data were recorded using a Rigaku Smartlab diffractometer with
Cu-Kα (0.15406 nm) operated at 40 kV and 30 mA at a scan rate of 4° min–1. Raman analysis
was carried out using a Raman spectrometer (NICOLET ALMECA XR), manufactured by
Thermo Scientific. A 532 nm laser beam was used for excitation. High resolution-transmission
electron microscopy (HR-TEM) images were collected using Hitachi HF-3300, operated at 300
kV. The same instrument was also used to obtain the high resolution-scanning electron
microscopy (HRSEM) images. The absorption spectra of the samples were recorded by using
an ultraviolet visible-near infrared (UV-VIS-NIR) spectrophotometer (CARY5000)
manufactured by Agilent Technology. X-ray photoelectron spectroscopy (XPS) was performed
using an ESCALAB 250 XPS System with a mono-chromated Al Kα (150 W) source. The
energy scale is aligned by using the Fermi level of the XPS instrument (4.10 eV versus absolute
vacuum value). The photoluminescence spectra were obtained from a Cary Eclipse
Fluorescence Spectrophotometer (Agilent Technologies). The nitrogen adsorption–desorption
isotherms of the samples were measured at –196 °C using a Micromeritics ASAP 2460
accelerated surface area and porosity analyzer after the samples were degassed at 150 °C to 20
mTorr for 12 h. The specific surface area was determined based on Brunauer–Emmett–Teller
(BET) method from nitrogen adsorption data in the relative pressure range from 0.05 to 0.2.
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The electron paramagnetic resonance spectra were recorded on a Bruker EMX plus
spectrometer in the X band CW electron paramagnetic resonance (EPR) spectroscopy using
0.94 mW microwave power with 9.646 GHz microwave frequency at –253 °C. Thermal
Gravimetric Analysis (TGA) was carried out on a Bruker TGDTA3000SA thermal analyzer at
a heating rate of 10 °C/min under flowing O2, increasing from room temperature to 700 °C.

5. 2. 3 Photocatalytic degradation of rhodamine B (RhB)
50 mg of zirconia photocatalyst was dispersed into 50 ml of 1 ppm RhB aqueous solution.
The mixture solution was taken into a quartz reactor, and the quartz reactor was placed under
solar light (1 Sun, 100 mWcm–2) simulated by a solar simulator (Newport, LCS-100) embedded
with 100 W Xenon lamp and AM1.5G filter in continuous stirring condition. The sample was
collected time to time and the solid was separated by centrifugation. The absorbance of the
solution was analyzed in UV-VIS spectrophotometer. The concertation of the solution was
calculated from the calibration plot of concentration vs absorbance obtained from solutions of
known concentrations. The results may vary within ± 5%.

5. 2. 4 Photocatalytic Pt deposition
A certain amount of zirconia catalyst was taken into 50 ml 20% methanol-water solution in a
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closed gas circulation system. An appropriate amount of H2PtCl6.6H2O was added. The UV
light irradiation was obtained from a 450 W Xenon lamp (Newport) and used for the deposition
of Pt over zirconia under Ar atmosphere. The freshly prepared Pt-deposited catalyst was
collected, washed with water, dried at 80 °C and used for further study.

5. 2. 5 Photocatalytic H2 generation
50 mg of ~1.0 wt% Pt-loaded zirconia photocatalyst was added to 20% methanol-water
solution (50 ml,) in a closed gas circulation system. The reactor was placed under the solar
light irradiation (1 Sun, 100 mWcm–2) obtained from a solar simulator (Newport, LCS 100)
embedded with 100 W Xenon light source and AM1.5G filter. The approximate illuminated
area was 15.75 cm2. Methanol was used as a sacrificial reagent to prevent the recombination
by scavenging the hole and the surface back reaction by blocking oxygen production. The
amount of H2 generated was determined by online gas chromatography (Bruker 450 GC)
system using TCD detector connected to the reactor. The reaction was carried out at room
temperature (25 °C) under Ar atmosphere. The stability of the catalyst system was studied
under the identical reaction conditions as stated above. The solution was stored in the normal
ambient condition in a closed container and studied for 2 h in the different days. Before each
run, the volume of the solution (50 ml) was made up by adding extra methanol to the solution.
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The results may vary within ± 5%.

5. 2. 6 DFT calculations
Density functional theory (DFT) calculations were performed with the Perdew-BurkeErnzerhof exchange-correlation functionals46 and projector augmented wave47 generated
pseudo-potentials, as implemented in the Vienna ab-initio simulation package (VASP)48.
Plane-wave energy with cutoff energy of 500 eV was used to expand Kohn-sham orbitals. A
gamma-centered 6 × 6 × 6 k-point scheme was applied to integrate Brillouin zone and each
calculation was continued until the forces acting on all atoms were less than 0.02 eV Å –1. To
accurately evaluate the band gap of BZ, the screened hybrid functionals were used as proposed
by Heyd-Scuseria-Ernzerhof (HSE06).100
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5. 3 Results and discussion
To study the possibilities of synthesis of black ZrO2-x (BZ), we employed simple and mild
two-step method that involves magnesiothermic reduction of commercially available
monoclinic white ZrO2 (WZ) in the presence of 5% H2/Ar followed by HCl treatment to remove
all the Mg species (see methods). The color of resulting zirconia material was black and named
as BZ (Figure 5.2a). The molar ratio of ZrO2 and Mg was optimized to get black ZrO2-x and a
trend of color change was observed (Figure 5.1). Unless mentioned with a specific molar ratio
of Mg, BZ was prepared with 1:1 molar ratio of ZrO2 and Mg and analyzed to examine the
properties. The materials were first characterized using powder X-ray diffraction (XRD). The
BZ shows almost pure monoclinic ZrO2 phase as like as the pristine white ZrO2 (Figure 5.2b).
The XRD pattern does not indicate any significant change in the crystal structure during
magnesiothermic reduction. The crystallite size of the BZ (19.6 nm) is also almost similar to
that of WZ (20.2 nm). However, the drastic color change indicates some major alteration,
possibly at the surface of the ZrO2 particles. This can be presumed as, during the reduction
process, Mg was converted to MgO (Figure 5.3) by taking up the surface oxygen, and thus, the
chemical structure of ZrO2 can be disturbed at the surface. This indicates major alteration at
the surface of BZ nanoparticles (NPs) in the form of defects. To study the surface alteration,
the samples were further characterized by Raman spectroscopy as it is locally sensitive to the
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disorder in the first few atomic shells at the surface and lattice defects, which are not detectable
in XRD analysis. Interestingly, the Raman spectra (Figure 5.2c) of BZ are remarkably changed
compared with that of WZ, and the corresponding peaks are broadened, and peak intensity is
enormously decreased. This result supports the presumption about surface alteration during
reduction, which results in black coloration and also indicates the possible formation of huge
oxygen vacancy at the surface. The phenomena can be understood as the crystal arrangements
of the surface Zr-O units are disturbed during reduction due to oxygen vacancy, which results
in the disordered surface. Further, high resolution transmission electron microscopy (HR-TEM)
images of BZ (Figure 5.4a) clearly demonstrate the formation of random defects on BZ NPs
unlike WZ, which shows well-defined crystalline lattice structure (Figure 5.4b). The surface
alteration was further witnessed by high resolution-scanning electron microscopy (HR-SEM)
images (see Figure 5.4 c and d), which illustrate that the smooth and clean surface of WZ NPs
changed to uneven and hollow surface in BZ as indicated by arrow marks. These HR-TEM and
HR-SEM images may be the first visualized evidence of surface defects in BZ. The distribution,
size and shape of the defects or disorders are clearly visualized by these techniques.
Furthermore, X-ray photoelectron spectroscopy (XPS) was also investigated to study the
alteration of the bonding environment of Zr and O at the surface. The high resolution XPS
spectrum of Zr 3d electron (Figure 5.5a) of BZ shows two peaks at 182.0 and 184.2 eV in
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accordance with the counterpart peaks (182.4 and 184.8 eV) of WZ corresponding to 3d5/2 and
3d3/2 electron of Zr4+, respectively.101 Further analysis of deconvoluted BZ’s Zr 3d XPS
spectrum can illustrate the presence of another set of peaks corresponding to reduced Zr species,
i.e. Zr(4–x)+. However, no indication was observed for metallic Zr (~178 eV).101 Interestingly,
the high resolution O 1s XPS spectrum (Figure 5.5b) of the BZ shows a long tail towards higher
binding energy compared with the white sample. On deconvolution of the spectrum, it resolved
into two distinguishable peaks centered at 530.5 and 531.9 eV corresponding to the lattice
oxygen and non-lattice oxygen (i.e. oxygen vacancy), respectively. It can be also observed that
the amount of the oxygen vacancy is higher in BZ than in WZ. The relative amount of the
oxygen vacancy is 71% at the surface of BZ while 43% for WZ as obtained from the
corresponding peak area (Table 5.1). Therefore, these results clearly indicate the formation of
large amounts of oxygen vacancy during the synthesis of black ZrO2-x and well agree with the
XRD, Raman and HR-TEM analysis.
The presence of oxygen deficiency in BZ was further evidenced by thermogravimetric
analysis (Figure 5.6) in the presence of oxygen, which shows a weight increment after ~150°C,
indicating the oxygen uptake. The full XPS survey spectra of the BZ and WZ (Figure 5.7)
displayed no peak for Mg, further confirming the absence of Mg in the BZ.
The UV-VIS-IR absorption spectra of as-prepared BZ samples were measured to study the
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absorbance of as-synthesized black zirconia. As expected, the black ZrO2-x sample exhibited a
drastic enhancement (Figure 5.8) in the light absorption in the range of VIS and IR region
compared with its white counterpart which absorbs only UV light and shows a sharp absorption
peak at ~246 nm. The increment in light absorption also increases with the Mg amount used
during sample preparation in accordance with the color change trend of white to gray to black
(Figure 5.1). The band gap of the samples was determined from Tauc plot (Figure 5.8b)
obtained from the UV-VIS data. The band gap of the BZ is 4.55 eV, and an adjusted band gap
is obtained to be around 1.52 eV, which may correspond to the black color of the sample, while
the band gap of WZ is 5.09 eV. Furthermore, the position of the valence band (VB) top was
determined by VB XPS spectra (Figure 5.8c). It clearly indicates the movement of the VB top
to upwards and also the extended tail formation to decrease the band gap of BZ compared with
WZ. The approximate positions of the VB top and CB (conduction band) bottom were
calculated from the above results, and the probable band energy diagram is portrayed in Figure
5.8d. This drastic change in band gap due to formation of new energy states near VB top and
CB bottom can be attributed to the presence of high oxygen vacancy and Zr3+ in BZ.102
The experimental result was further confirmed by density functional theory (DFT) calculation.
Figure 5.9a shows a monoclinic ZrO2 crystal structure (WZ model) composed of 12 atoms per
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unit cell. The monoclinic phase has two kinds of non-equivalent oxygen atoms: 4-fold
coordinated (O4f) and 3-fold coordinated (O3f).102 One O4f vacancy was used for a BZ model
(Figure 5.9b) since the oxygen vacancy formation energy was calculated to be 0.1 eV lower
than that of the O3f. The band gap of a WZ was calculated as 5.14 eV by HSE06 method as
shown in Figure 5.9c, which is in excellent agreement with our experimental measurement of
5.09 eV. Our results indicate that the upper VB largely consists of O 2p states while the lower
part of the CB is mainly from Zr 4d states. The electronic structures of the BZ model systems
were illustrated in Figure 5.9d. It clearly depicts that new density of states (DOS) appears at
the CB bottom and VB top, respectively. Band gap of BZ was evaluated as 1.55 eV, consistent
with experimentally measured 1.52 eV. The projected density of states (PDOS) of 4d band of
Zr implies that Zr3+ created by oxygen vacancies mainly contributes to the CB tail, as similarly
for the CB tail of a black TiO2-x.103 The VB mid-gap states are hybridized from both O 2p
orbitals and Zr 4d orbitals as the result of disordered states of black ZrO2-x, like black TiO2-x.14
The above results confirm that the disordered states of ZrO2-x were developed during
magnesiothermic reduction process, which creates large amount surface defects (as nicely
visualized in HR-TEM and HRSEM images) via oxygen vacancies.
These new DOS at VB and CB tails can effectively block the recombination of electrons and
holes and enable absorption of sunlight over a wider range of wavelengths including visible-

55

light. Photoluminescence (PL) spectra (Figure 5.10) were recorded using the same excitation
wavelength (325 nm) and same slit (5 nm). The intensity of the PL spectrum corresponding to
the black sample is much less than that of the white sample, although the peak positions are
almost the same, which indicates the slower rate of electron-hole recombination, which can be
ascribed to the result of electron and hole trapped in the newly formed energy bands at the CV
bottom and VB top, respectively.104
The enhanced solar light absorption of the BZ was further characterized by photocatalytic
degradation of Rhodamine B (RhB) in the presence of simulated solar light (1 sun, AM 1.5G).
The results (Figure 5.11) clearly indicate that WZ has almost no degradation ability in the
presence of solar light, whereas the BZ shows sufficient degradation of RhB, which can be
attributed to the improved solar light absorbance of BZ compare with WZ.
The BZ was also investigated for the H2 generation from water using photo-deposited Pt NPs
(~1.0 wt%) as a co-catalyst and methanol as a sacrificial reagent under simulated sunlight (1
sun, AM 1.5G). The BZ generated significant amount of H2 with a rate of 505 μmolg-1h-1
while no H2 was obtained from WZ (Figure 5.12a). The calculated solar to hydrogen (STH)
efficiency is 0.11% with respect to 1 sun incident power and present reaction setup.105 The H2
generation ability of BZ in sunlight is directly accredited to the drastically improved optical
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properties (solar light absorbance) and low band gap. Formation of the new DOS in the energy
level enables the BZ to absorb the visible light and also generate H2 by water splitting under
solar light. The stability test (Figure 5.12b) for BZ demonstrated that almost similar amount of
H2 produced in each run (120 min), which indicates the excellent stability (up to 30 days) of
the black zirconia samples. Here, it should be mentioned that the color, absorbance, and H2
generation ability were almost the same after 1 month when samples were stored in the normal
atmosphere in sample vial without any extra precaution.
The H2 production ability was further investigated for the samples prepared with the different
ratios of Mg with respect to ZrO2 and in different conditions (Figure 5.13). The results
suggested that the ratio (1:1) can be considered as an optimum ratio. Further, we have
synthesized reduced zirconia using only hydrogen (5% H2/Ar), only Mg (in Ar), and only Ar
in the same reaction conditions to study the uniqueness of the present methods (see methods
for detail).
All the materials were studied for the hydrogen production using the same experimental
conditions. Interestingly, the material prepared using only Ar did not show any hydrogen
production, whereas the materials prepared by only Mg and hydrogen show a little amount of
hydrogen in the same experimental conditions under the solar light. These results clearly
demonstrate the requirement of both Mg and H2 for the preparation of photocatalytically active
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black ZrO2-x. These results also indicate that controlled hydrogen reduction may also achieve
good ZrO2-x photocatalyst despite low reducibility with H2 mentioned in the previous study.97
It also makes us more curious to know why Mg and H2 both are required and how they function.
One may suggest that H2 is absorbed on the defect site created by Mg and form Zr-H active
species for photocatalysis like Ti-H in hydrogenated black TiO2-x.14 We are further working to
find out the probable reason and understand the involved chemical reactions in our lab.
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5. 4 Conclusions
In conclusions, oxygen-deficient black zirconia (ZrO2-x) was prepared via the
magnesiothermic reduction in H2/Ar atmosphere, which resulted in a drastic increment in solar
light absorption and band gap decrement (to 1.52 from 5.09 eV for white ZrO2). A prominent
surface alteration in the form of defects or disorders associated with the oxygen vacancy in
black zirconia was well characterized and nicely visualized by high resolution microscopic
techniques. Excitingly, the oxygen-deficient black ZrO2-x shows good photocatalytic
performance for RhB degradation and H2 production under simulated solar light (AM 1.5G)
while white ZrO2 fails. Thus, white ZrO2, an inactive materials for sunlight harvesting has been
transformed to an active black ZrO2-x. The employed process involves a simple and mild
magnesiothermic reduction at 650 °C in presence of H2. The results indicate that both Mg and
H2 are necessary for the preparation of efficient solar light-assisted photocatalytically active
black ZrO2-x. The findings are highly important and innovative with respect to sunlight
harvesting since this work presents the first report on solar light-assisted photocatalytic activity
of black ZrO2-x and can be considered as proof of concept for developing more novel materials
for solar energy utilization. Our developed black ZrO2-x material could be interesting for not
only solar light-assisted photocatalytic application but also in other solar energy applications
as well as applications like catalysis, sensors, energy conversion and storage, coating, and
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biomedical tests. This material offers a new choice, and the study will unveil a new direction
to the scientific community working in diverse areas of material science and applications.106
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Table 5.1 Calculation of oxygen vacancy from the XPS result.
Relative peak area
O 1s XPS spectrum

Sample

Lattice ‘O’

‘O’ vacancy

% ‘O’ vacancy

WZ

1.45

1.11

43

BZ

0.87

2.09

71
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Figure 5.1 Photographs of different powder samples obtained using different molar ratios
of ZrO2 and Mg, indicating the gradual color change from white to grey to black.
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Figure 5.2 (a) Photograph of the powder samples indicating the color, (b) XRD patterns
(c) Raman spectra of the WZ and BZ.
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Figure 5.3 XRD patterns of as-synthesized samples before (BZ-BE) and after HCl etching
(BZ) along with WZ, showing the formation of MgO from Mg in BZ-BE sample obtained
before HCl etching. The results may suggest that Mg takes up the oxygen from ZrO 2 to
form MgO and creates oxygen vacancy in resulting black ZrO2-x.
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Figure 5.4 (a & b) High-resolution TEM image (The green colored areas indicated by
white arrows show the surface defects.) and (c & d) high-resolution SEM image (the
surface alteration indicated by arrow marks) of the BZ and WZ.
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Figure 5.5 High-resolution (a) Zr 3d and (b) O 1s XPS spectra of WZ and BZ.
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Figure 5.6 TGA profiles of the white and black zirconia samples recorded under oxygen
atmosphere with 10 °C/min heating rate.
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Figure 5.7 (a) Full XPS survey spectra and (b) Mg 1s scans of the white and black samples.
This result clearly indicates the similarity of the elemental presence in the white and black
zirconia and also the absence of Mg species.
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Figure 5.8 (a) UV-VIS DRS spectra and enlarged UV-VIS DRS spectra (inset), (b) Tauc
plots obtained from the UV-VIS data (see supplementary information for detail), (c)
valence band (VB) XPS spectra, and (d) the probable band energy diagrams of black (BZ)
and white (WZ) zirconia samples. The approximate positions of VB top and conduction
band (CB) bottom are calculated from the VB XPS and band gap values.
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Figure 5.9 (a & b) Monoclinic ZrO2 crystal structures with and without oxygen vacancy,
respectively. (c & d)The DOS of ZrO2 with no oxygen vacancy and O4f vacancy,
respectively. Black, blue, and red lines represent total DOS, Zr 4d PDOS, and O 2p PDOS,
respectively. The left and right dashed lines represent the Fermi level and conduction
band minimum, respectively.
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Figure 5.10 Photoluminescence spectra obtained from the solid film of white and black
zirconia samples on glass plate using the same excitation wavelength (325 nm) and slit (5
nm).
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Figure 5.11 Degradation of Rhodamine B over WZ and BZ in the presence of solar light
(1 sun) obtained from a solar simulator embedded with xenon light source and AM 1.5G
filter. C0 is the concentration RhB solution at the initial and C is the concentration of the
solution after light irradiation determined from the absorbance of the solution. The inset
figure is the photograph of the solution of RhB before and after 60 min light irradiation.
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Figure 5.12 (a) Continuous generation of H2 from methanol-water solution by WZ and
BZ and (b) stability study under simulated solar light (1 sun, AM 1.5 G).
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Figure 5.13 (a) Hydrogen generation profile obtained using different 1% Pt/BZ samples
from 20% methanol-water solution under solar light (1 sun, AM 1.5G). (b) Rate of
hydrogen (RH2) formation for different samples. The notation (x:x) is refers to the ratios
of ZrO2 and Mg, which are used for the sample preparation. The text in parentheses
refers to specific condition like Ar: the sample prepared only in Ar atmosphere without
Mg and H2, H2: the sample prepared in 5% H2/Ar in the absence of Mg, and Mg: the
sample prepared with Mg in Ar atmosphere without H2 for BZ (1:1) sample.
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Chapter 6.

Ni2Si nanowire

6. 1 Introduction
Nanotechnology plays a key role in advancing the frontiers of sciences and industries through
innovative breakthroughs to conventional limitations defined by theories and rules for
macroscopic counterparts. Nanomaterials for bio-mimetic application, high-performance
semiconductors and nanoelectromechanical systems (NEMS) are the archetype examples.
Many of the functionality are unique for nano-scale materials and seldom available with bulk
counterparts. In general, materials properties of nanoscale regime are substantially dependent
on the control level of processing nanomaterials, which is typically by far more complicate
than bulk. This situation becomes even more challenging as material dimension reduces to one
(quantum dot) or two (nanowire).107-108
Nanowires (NWs) have been widely employed as key components for electric circuits16,
optical nanodevices17 and so on. Especially, Si-based NWs are indispensable for various kinds
of devices exposed to high mechanical loadings and electric or chemical perturbations18. In
such circumstances, the NWs should possess (electro-) chemical stability and mechanical
integrity over long-term operation.19-22 Intermetallic compounds of silicide Ni2Si NWs
occupies unique position in such a case due to its favorable properties, and has a wide range
of applications as interconnectors of semiconductor devices109, ohmic contacts110, and gate
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materials of integrated circuit (IC) chips111.
While electric properties of the Ni2Si NWs have been extensively studies by theories and
experiments23-25, mechanical behaviors were still inferred from indirect measurements on NW
samples or extrapolated from bulk materials, largely due to difficulties in reliable design and
experimental test of NW specimen. Both of the electric and mechanical properties of a Sibased NW have to be well characterized to further spread out its application and
commercialization areas. In this study, we systematically developed innovative design method
to simply but reliably design Ni2Si NWs of micrometer lengths. To accurately measure
mechanical properties we directly applied tensile tests on the Ni2Si NWs and pursued
mechanistic understanding by extensive utilization of DFT calculations. Structure-mechanical
properties relationship was further validated with HRTEM112-114, EDX observations.
Conventionally, NWs have been designed with so-called bottom-up approach19, 23-25, which
scales up individual atoms or clusters into nanomaterials with the chemical vapor deposition
(CVD) process followed by crystal growth in liquid or gas phase. Then, final form of NWs in
such process is completed in a template. Differently from the traditional method, it is
noteworthy that Bei et al.20-22 obtained single crystal Mo NWs by chemically extracting
micrometer pillars. The key idea in the report was to utilize phase transformation caused by
eutectic reaction in the alloy matrix. This study, indeed, opened new doors for designing NWs
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based on phase separating solid-state reactions such as eutectoid and precipitation. Eutectoid
reaction transform one solid into two solid phases (α → β + γ ), while in the discontinuous
precipitation secondary phases are generated or grown from matrix material α (α → α + γ or α
→ α ’ + γ ). Therefore, the structure of the matrix would be maintained after the discontinuous
precipitation but the compositions of elements in the precipitates decrease in the solid matrix.
Consequently, the difference of the two mechanisms is whether the initial phases can be
preserved or not via the phase transformation. The driving force for the phase transformation
of the discontinuous precipitation is much lower than that of the eutectic reaction. Thus, the
driving force of the discontinuous precipitation is more sensitive to the interfacial energies
between the secondary phases and matrix, dominantly growing facets of low interfacial
energies at the expense of high index planes. The facets of the precipitates and matrix at the
interfaces are thermodynamically stable and coherent, which is useful for controlling
thicknesses (or diameters) of precipitates. Consequently, we could make nanopillars as thin as
one tenth of pillars obtained by typical eutectic reactions.115
Unlike conventional methodology, we propose that discontinuous precipitation (DP) process
can simplify complicate design steps for designing NWs, especially for intermetallic
compounds. The DP has been widely applied to make precipitates in alloy metal and generally
neglected for the purposes of enhancing mechanical properties since the size and aspect ratio
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of precipitated particles are rather too large. Anisotropic nature of interfacial energy and strong
strain field between the precipitates and matrix were known as the origin.116-117
In this paper, however, we discovered that the DP method could be useful for simple design
of intermetallic silicide NWs with well-controlled mechanical properties as desired.
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6. 2 Experimental and computational details
6. 2. 1 Design of materials
Pure copper and silicon of 99.99 % purity, nickel of 99.9 % purity and titanium of 99.8 %
purity were used for design of the Ni2Si NWs. The weight fraction of each alloy element was
6.2 %, 1.34 Si, and 0.11 for Ni, Si, and Ti, respectively with a Cu as the base material. Cu-NiSi-Ti alloy ingot of 20 mm thickness was designed by vacuum induction melting, and rolled at
980 °C until the thickness wad reduced to 6 mm. To eliminate the thermo-mechanical history
of the specimen the hot-rolled plates subsequently passed a heat treatment at 980 °C for 1 hours,
followed by thermal aging for 7 hours at the same temperature. The aged alloy was, then,
dipped into acidic solution composed of NHO3 and C2H5OH with each 50 ml to decouple Ni2Si
NW from the Cu alloy matrix. The wires were cleaned by ultrasonic treatment in pure ethanol
for 10 minute.

6. 2. 2 TEM experimental method
Microstructural characterization of Ni2Si NWs was performed by 200 kV field-emission TEM
using a Jeol JEM-2100F equipped a scanning TEM (STEM) with EDS. To characterize
mechanical properties of Ni2Si NWs we directly imposed tensile strains with a low rate along
its longitudinal direction at ambient temperature until it fractures. Whole of the procedure was
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recorded by Orius SC200D CCD camera (Gatan) and Virtual Dub software with a frame rate
of 1 fps (frame per second). Tensile tests were conducted in a JEOL 2100 LaB6 TEM using a
Hysitron’s Picoindentor specimen stage (PI95) with a MEMS-based push-to-pull (PTP) device
as shown at Figure 6.3.

6. 2. 3 Computational details
All DFT calculations were carried out using the Vienna ab-initio simulation package
(VASP)48 with the Projector Augmented Wave (PAW)47 pseudo-potentials. We used the
Perdew-Burke-Ernzerhof (PBE)46 exchange-correlation functional. The cutoff energy of the
plane wave basis was 300 eV. We integrated the Brillouin zone with a gamma point scheme of
1 × 3 × 1 k-points. The δ-Ni2Si NW was modeled by cylindrically shaped structure with a 2.8
nm diameter. Supercells included Ni2Si nanowire composed of 90, 180 of Si and Ni atoms,
respectively, truncated with (010) facet through the b-axis illustrated in Figure 6.4a. To
preclude any interaction of Ni2Si with its images we inserted 1.5 nm of vacuum space in the
transverse direction of the nanowire.
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6. 3 Results and discussion
Our model system was Cu-6Ni-1.5Si alloy and applied three major steps to obtain complete
Ni2Si NWs. To facilitate formation DPs of Ni2Si nanoparticles we added 0.1 wt.% of Ti to the
model alloy system and carried out heat treatments116 on the solid solution at 980 °C. The grey
area in Figure 6.1a shows a SEM image of the grains of Cu-6Ni-1.5Si alloy, where the initial
DPs appeared after thermal aging at 500 °C for a half an hour. After seven hours of thermal
aging DPs were fully developed over the entire alloy as shown at Figure 6.1b. To scale up the
nanoparticle DPs up to micrometer length Ni2Si NWs, we thermally elongated the DP shown
at Figure 6.1b. And then, we chemically etched the Cu-6Ni-1.5Si alloy in conventional acidic
solution composed of NHO3 and C2H5OH with each 50 ml to decouple Ni2Si NWs as deposits
in the solution. Figure 6.1c represents the SEM image of the Ni2Si NWs. Our HRTEM
observed that the Ni2Si NWs are monolithic structures with average diameter of 13.7 nm and
10 μ m in length. Considering that theoretical weight (0.075) and volume (0.085) fractions it
implies that we enabled to design approximately 750 g of Ni2Si NWs from 10 kg of Cu-6Ni1.5Si alloy using our process. Surprisingly, both HRTEM and EDX (Figure 6.2) clearly
showed that the Ni2Si NWs are δ-phase structures of a single crystal uniformly well extended
in only [010] direction, in spite of the brittle nature as an intermetallic compound. Figure 6.2b
shows bright field of TEM and HRTEM images of the Ni2Si NWs. The monolithic structure

81

drawn from the Ni2Si NWs along the [133] zone axis was shown at the inset in Figure 6.2b (at
upper right part). The simulated images of TEM for the Ni2Si along the [133] zone axis were
also added at left part of the HRTEM image in Figure 6.3b, which is consistent with the
experimental observation on 6.0 nm thick specimen by a defocus value of Δ f = − 29.0 nm.
Images obtained from the computer simulations with thicknesses ranging from 5.0 to 20.0 nm
by defocus values between − 20.0 and − 40.0 nm. Most interestingly, the HRTEM analysis
revealed that the interfaces between the alloy matrix and the embedded Ni2Si NW were almost
in full coherency118 with only slight lattice misfits (Δ ). For instance, (220)matrix//(040)Ni2Si
NW (Δ ≈ 0.0245, 0°), (020)matrix//(320)Ni2Si NW (Δ ≈ 0.0554, 1.67°) and
(001)matrix//(001)Ni2Si NW. Such tightly coherent interfaces would force DPs of Ni2Si
nanoparticles to grow into anisotropic morphology (i.e., discontinuous cellular shape) during
thermal aging, which was not the case of our sample.
As far as we know, direct tensile tests on intermetallic NW compounds were rarely reported
previously due to a tremendous difficulty in making and testing a NW sample. Thus,
mechanical properties of intermetallic NWs were rather extrapolated from bulk counterpart
properties measured by compressive loadings.
Figure 6.3 illustrates the PI95 stage for the direct tensile on the Ni2Si NW sample processed
by our three-step process. The PI95 stage was equipped with a force transducer to control the
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position of mounted diamond tip and to measure applied force at the tip. When the tip contact
point (CP) of the push-to-pull (PTP) device is moved by the position controlled diamond tip,
the distance between the tensile regions (TR) of the device increases (marked by a rectangle
in Figure 6.3b). Figure 6.3c shows a Ni2Si NW sample for the tensile test with Pt at both ends
of the tensile region (TR) in PTP device (marked by circles). We deposited Pt using an electron
beam induced gas deposition technique119 to firmly mount the NW specimen. The gas was
supplied with a gas injection system (GIS) in the FIB. The yield strength of pure Pt (about 200
~ 300 MPa) is far below typical values of intermetallic compounds. Pt also has much higher
ductile than intermetallic Ni2Si. Consequently, it is reasonable to assume that experimentally
measured stress and strain behaviors of the Pt-deposited Ni2Si nanowire well characterize the
intrinsic Ni2Si nanowire.
We also effectively removed the influence of Pt on mechanical properties of the Ni2Si NW
by following two rational procedures. First, we measured yield strength of a bulk Ni 2Si
intermetallic compound by imposing compressive strains noticed as the reddish curve in
Figure 6.4 (details are described at next paragraph). The measured value of 0.9 GPa was
considerably higher than the yield stress of bulk Pt (30 MPa). Secondly, we noticed that the
measured elastic moduli measured by a tensile test on Ni2Si NW with Pt deposits and by
compressive test on pure bulk Ni2Si are fairly similar as shown at Figure 6.4. These facts
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provide reasonable ground for the assumption that Pt deposits are not critical in measuring
mechanical properties of Ni2Si NW sample only.
Tensile stress was loaded to the [010] direction of a Ni2Si NW sample with a strain rate of
0.001 s−1. Using the known spring constant of PTP device we converted the measured load vs.
strain relationship into stress vs. engineering strain curve as shown at Figure 6.4. We neglected
the strain regions of less than 1.7 % since Ni2Si NW was not yet completely aligned in the
[010] tensile direction as shown at Figure 6.5. Our tests showed that tensile strength and elastic
modulus of a Ni2Si NW are approximately 3.0 and 60.6 GPa, respectively.
We performed compressive stress-strain tests for in-house made a bulk polycrystalline Ni2Si
intermetallic compound made by a vacuum arc melting method. Measured yield strength and
strain on the bulk Ni2Si polycrystal were 0.9 GPa and 1.25 %, respectively, which is within
values of typical brittle materials. Mechanical hardness was measured as 620 Hv by a Vickers
hardness tester with 20 g loading and 20 seconds of dwelling time, and it can be roughly
converted to tensile strength of 2.07 GPa. Thus, the tensile strain (6 %) of the single crystalline
Ni2Si NW shown at Figure 6.4 is much higher than that of polycrystalline bulk counterpart,
even though both fracture by as typical behaviors of brittle materials (i.e., no noticeable
necking until the strain reaches the mechanical fracture level). The bulk modulus of the
polycrystalline Ni2Si measured at early stage of the strains before micro-cracks initiate or
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propagate (the inset at Figure 6.4) is similar to that of a single crystalline Ni2Si NW.
Consequently, it implies that the bulk modulus of the single crystalline Ni2Si NW in this
experiment is reliable since it is essentially related to atomic bond strength of a material.
Moreover, it also confirms that the Pt layer (amorphous structure) negligibly influences on the
mechanical properties of the Ni2Si NW.
In summary, we quantitatively characterized the mechanical behaviors of δ-phase Ni2Si NWs
through the direct uniaxial tensile tests, which has been rarely reported in previous literatures.
Using first principles DFT calculations we calculated the stress vs. strain behaviors of Ni2Si
NW. Figure 6.4a illustrates the computational model system simulating Ni2Si NW, which are
composed of 180, 90 of Ni and Si atoms, respectively. The sizes of Ni2Si NW model are 2.80,
0.49 nm in diameter (the a-axis of the model system) and length along the longitudinal direction
([010], the b-axis), respectively. We imposed a tensile strain with a rate of 1 % into the b-axis
direction at each step. Elastic modulus, E, of the Ni2Si NW was calculated by

 L  L0 
 U / L 


  E
 A 
 L0 

(6-1)
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where U, L (L0 = 4.927 Å ), A indicate that total energy calculated by DFT computing, the
(initial) length, and cross-sectional area of the Ni2Si NW model system, respectively. Since the
surface layer of our NW model is atomically rough we estimated the A from the volume (V) by

V

nNi mNi  nSi mSi

(6-2)

 Ni Si
2

Here n, m, and ρ indicate the number of atoms, atomic mass and density, respectively. Based
on experimental literatures120-121 we used m Ni = 58.342 gmol−1, mSi = 28.085 gmol−1 and

 Ni Si = 7.2 gcm−3, and identified V = 3005.003 Å 3 and thus, A at each tensile strain was easily
2

calculated by V/L. We plot the calculated stress vs. strain behaviors of the Ni2Si NW at Figure
6.4b together with the experimental measurements. Even though the detailed morphology and
size of the model system are not completely the same as the experimental NW sample the
overall behaviors are fairly in good agreements. DFT calculations seem to slightly overestimate
the experimental results. It may be ascribed to atomic defects in the experimental Ni2Si NW
sample, while the DFT model system is a perfect crystal. It is reasonable that surface or internal
defects should decrease mechanical strength of a NW since they could work for active sites of
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nucleating or aiding growth of microcracks.122 The influence of the defects would be
conspicuous as tensile strain increases, as well represented by the larger deviations between
DFT calculations from experimental measurements at higher strain regions shown at Figure
6.4b.
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6. 4 Conclusions
In conclusion, we demonstrated that a single crystalline Ni2Si NW of an intermetallic
compound could be easily designed by a three-step method: the casting alloy with proper
compositions to create DP nanoparticles in the grains of the alloy matrix, scaling up the
nanoparticle DPs into nanowire with micrometer lengths using thermal elongation, and lastly
the chemical etching of the whole system to decouple NWs from the matrix.123 This approach
enabled us to design Ni2Si NWs with uniform morphology and composition over several μ m
in lengths. Direct uniaxial tensile tests on the NW integrated with HRTEM and EDX, and first
principles DFT calculations provided consistent structure-mechanical property relationship on
the Ni2Si NW. It was clearly provided that the tensile strain of a Ni2Si NW is much higher
than bulky counterpart in spite both showed the fracture natures of brittle materials. Our
methodology will contribute to paving new ways to easy manufacture and design of brittle
NW materials with large aspect ratio, potentially leading to opening the application of
nanotechnology wider industrial sectors.
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Figure 6.1 SEM images of a Cu-6Ni-1.5Si alloy matrix and Ni2Si nanowire. Discontinuous
precipitations of Ni2Si nanoparticles in the grains of Cu alloy matrix (the grey-colored
area) in (a) was appeared after 1 hour of heat treatment at 980 °C, followed by half an
hour of thermal aging at 500 °C. The DP was fully developed after 7 hours of thermal
aging as shown at (b). Image (c) depicts Ni2Si nanowires decoupled from the Cu-6Ni-1.5Si
matrix using chemical etching process with conventional acids of NHO3 and C2H5OH
with each 50 ml.
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Figure 6.2 High resolution TEM images of DP region in the grain of Cu-6Ni-1.5Si matrix
in (a) and in (b) a monolithic single crystal of Ni2Si nanowire. Image (c) shows EDX
analysis confirming compositions of Ni2Si nanowire of 66.6 at% Ni, 33 at% Si and no Ti.
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Figure 6.3 Schematic pictures of the tensile tests on a Ni2Si nanowire with a push-to-pull
(PTP) device. The PTP device and a diamond tip were attached to the force transducer
as shown in (a) and in (b) the enlarged image of the PTP device and a tip contact point
(CP) and a tensile region (TR, marked by a rectangle) were represented. A Ni 2Si
nanowire sample mounted to the ends of the TR by Pt deposits (marked by circles) was
shown in (c). The captured TEM photographs of the Ni2Si nanowire were provided for
three major moments of the tensile test: before in (d) during in (e), and after mechanical
fracture at (f).
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Figure 6.4 DFT model system simulating Ni2Si nanowire in (a) and in (b) stress versus
strain behaviors measured by tensile tests (the black line) and calculated by first
principles DFT computings (the blue line) in the [010] direction of the Ni 2Si nanowire.
The red line in (b) shows experimental results for a bulk Ni 2Si intermetallic compound
(8 mm in diameter and 10 mm in length) tested by loading compressive stress. The inset
depicts the stress response at engineering strains less than 1.5 % before significant
fluctuations appeared due to the formation and growth of cracks in the bulk Ni2Si sample.
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Figure 6.5 Stress vs. strain relationship less than 1.7 % of the engineering strain in (a)
was not considered to obtain the mechanical behaviors since in this region the Ni2Si
nanowire was not yet fully aligned in the [010] tensile direction. The captured TEM
photographs of the Ni2Si nanowire were provided for three major moments of the tensile
test: before in (b), during in (c), and after mechanical fracture at (d).
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Chapter 7.

Cu with dispersion of Al2O3 nanoparticles

7. 1 Introduction
Nanoscale materials have demonstrated novel properties that deviate from the traditional laws
for bulk materials. Examples include reddish-colored gold124, mechanically strong
nanostructured metals125, transparent magnets126 and superconductors127. The design of these
materials involves tuning one of the four inherent features: optical, mechanical, magnetic and
electrical properties.
Multifunctional devices are important to meeting various human requirements and the
environmental complexity of operational conditions. Considering that component materials of
any device play a key role in determining the overall efficiency successful design of the
multifunctional systems requires a fundamental understanding of the origin of material
properties and sound integration of the individual material into practical engineering
applications such as the semiconductor and automobile industries.
However, the design of materials with multivariate functionality is strictly limited by the
conventional laws, especially when the desired properties appear to be mutually exclusive. For
example, enhancing the mechanical strength of a Cu alloy without sacrificing the electrical
conductivity is a long-standing example of the issue. Traditionally, the strengthening
mechanical properties of metallic alloys was based on the complicated manipulation of the
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lattice structure of the parent material, which inevitably manipulates or disrupts electron
transport in the desired direction reducing electric conductivity and often decreases ductility.2627

Two widely employed methods27-28 utilize either the modification of grain structures or the

addition of foreign elements followed by heat treatments.
In this paper, we demonstrate Cu alloys with outstanding mechanical properties and electrical
conductivity beyond conventional restrictions. Our objective is to simultaneously improve the
mechanical strength and electrical conductivity, which are mutually in trade-off nature. Over a
bulk Cu matrix, we designed hybrid interface structures by uniformly dispersing Al2O3 via
internal oxidation process using externally supplied oxygen. The mechanical strength of Cu
was improved through a dispersion-hardening mechanism driven by the nucleation and growth
processes of the nano-scale oxide particles. We recovered the electrical conductivity of Cu that
was degraded by residual O (remains inside the Cu matrix from the stoichiometric relationship
between Al and O) through addition of Ti. Our results indicated that Ti forms various oxides
such as TiO2, TiO and ternary phases with Al and O, leaving minimal impurities inside the Cu
matrix.
Similar to our study there have been endeavors to disperse Al2O3 particles in a Cu matrix.
Especially it was reported that the mixture of Ti oxide with Al2O3 show the possibility of
decreasing oxide particle size in copper matrix128 introducing mixture of various oxide in

95

copper matrix. However it has been known as difficult to obtain uniform distribution of the
particles.128-129 For example, it was reported that solid-state mixtures of Ti with Al2O3 might
decrease the oxide particle sizes in a copper matrix.128 Differently from the previous work the
key step we made in this study was to oxidize Al at high temperature (T = 980 °C) via an
internal oxidation process and to control the interface energies between the oxides and the Cu
matrix with extra-doped Ti. We observed that the oxide particles completely phase transformed
from irregular to spherical-type morphologies by dissolving the Ti, resulting in the uniform
dispersion of the Al2O3 nanoparticles in the Cu matrix.
Differently from the previous works our materials are ternary solid solutions of Cu-Al-Ti not
just solid-state mixtures of Cu-Al with various metals (Ti, Zr, Hf and so on). Therefore, Ti is
solvated substitutionally in Cu and Al lattices. To accomplish the material design of the ternary
solid solution we integrated the advanced fabrication technologies and the structural
characterization on an atomic resolution and the first principles calculations. The systematic
methodologies enabled us to observe new structural phases of Ti-Al-O oxides and Ti-doped
Al2O3 nanoparticles, which were missing in the experiments with the solid-state mixture. More
interestingly, we identified that the morphologies of those phases in the ternary solid solutions
are sensitive to interfacial energies, which is, in turn, controlled by amounts of doped Ti. We
confirmed that our materials could be processed at high temperature (T = 980 °C) while keeping

96

the oxide particle sizes smaller than about 10 nm improving both mechanical strength and
electrical conductivity substantially.
We chose Ti on the ground that it has a higher melting temperature than Cu easing the heat
treatment processes and its solubility in the Cu matrix is as high as in Al enabling to the
formation of solid solutions with both Cu and Al. Thus, it is possible to solvate Ti into Al2O3
during the internal oxidation process to regulate the interfacial energies and the impurity level
in Cu. We found that the mechanical properties and electrical conductivity of Cu were
enhanced by the spheroidizing of Al2O3 nanoparticles with the Ti solutes. The results were
validated using HRTEM observations and first-principles density functional theory (DFT)
calculations.
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7. 2 Experimental and computational details
7. 2. 1 Experimental procedure
The 99.99% pure Cu, Al and Ti were used to prepare Cu-Al and Cu-Al-Ti alloy ingots by
atmospheric induction melting and permanent mold casting. We designed four different Cu
alloys as a function of the relative composition of Al/Ti and with/without internal oxidation
(Table 1). The ingots were hot rolled in the uniaxial direction at 980 °C after being held for one
hour. The surface of each plate was scalped to an approximate thickness of 0.5 mm and cold
rolled to a 75% thickness reduction. The sheets of the cold-rolled plates were oxidized at 980
°C for two or four hours at ambient atmosphere. Oxides (Cu2O) on the oxidized sheets was
removed by wire brushing and ultrasonic cleaning. Figure 7.1 depicts a schematic flow diagram
of the overall fabrication of the oxide-dispersed Cu alloy composite. The wire-type specimen
was fabricated by drawing at room temperature after oxidation at 980 °C for 1 hour.
The Vickers hardness was measured on a 100 g load using a hardness tester (the FM-700,
Future Tech.). The electrical conductivity was evaluated by the double-bridge method (portable
double bridge 2769, Yokogawa M&C). Tensile strength was measured using a tensile tester
(EZ-L, Shimadzu) for plate or wire-type specimens.

Characterization of alumina was performed using a 200 kV field-emission transmission
electron microscopy (TEM, JEOL, model: JEOL-2100F) equipped with an energy-dispersive
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X-ray spectroscopy (EDS) detector and a scanning TEM. The TEM specimens were prepared
by jet polishing with a Tenupol-5 (Struers) in an etchant solution composed of 250 ml
phosphoric acid, 500 ml distilled water, 250 ml ethanol, 50 ml propanol, and 5 g urea (D2).
The volume density of the particles was measured with assuming the thickness of the specimen
as approximately 50 nm. The TEM samples were fabricated using the standard carbon
extraction replica method for high-resolution TEM analysis of the chemical compositions and
atomic structures of the nanoparticles. We performed the carbon extraction replica method by
mechanical polishing in an aqueous solution containing 0.5 ml diamond colloidal particles. The
samples were then collected on a carbon film using a 3% nital solution chemical attack.130

7. 2. 2 Computational details
We performed DFT calculations using Vienna ab-initio simulation package (VASP)48 with the
Projector Augmented Wave (PAW)47 pseudo-potentials and the Perdew-Burke-Ernzerhof
(PBE)46 exchange-correlation functional. A plane wave cutoff of 400 eV was used for all
calculations. We integrated the Brillouin zone with a gamma point scheme of 3 × 1 × 1, 3 × 1
× 1, and 3 × 3 × 1 k-points for interface model systems based on γ-Al2O3(100), γ-Al2O3(110),
and γ-Al2O3(111), respectively. The γ- Al2O3 was based on Pinto’s model system.131
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7. 3 Results and discussion
Figure 7.2 illustrates the stress versus strain behavior and the electrical conductivities of the
four Cu alloys before and after the internal oxidation. All samples for the tensile tests were
designed according to ASTM-E8M standard.
Our results indicate that the mechanical properties of all four Cu alloys are sensitive to Ti
composition and internal oxidation. Figure 7.2a demonstrates that, without the internal
oxidation mechanical properties, all four Cu alloys are almost identical regardless of Ti
composition. The internal oxidation modifies the mechanical behaviors of the Cu alloys, as
depicted in Figure 7.2b and c. Cu alloys with more Ti resulted in higher yield, greater tensile
strength and improved mechanical ductility. The underlying mechanism is at the reduced and
homogenized interfacial energies of our ternary solid solution, which is further controlled by
the amounts of doped Ti.
Figure 7.2d clearly shows that the electrical conductivity of a Cu alloy was improved by two
hours of internal oxidation. Longer oxidations demonstrated saturation. Alloy 3, which
contained equal amounts (40 wt.%) of Ti and Al, demonstrated the highest electrical
conductivity (above 90% of the IACS value).
Without the internal oxidation, Cu alloys with a higher composition of Ti or Al resulted in
lower electrical conductivity. As previously reported, Ti degrades more than Al.132 After
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internal oxidation, both Ti and Al enhance the electrical conductivity of the Cu alloy. The
underlying mechanism may be at the formation of various binary (Ti-O) and ternary (Ti-Al-O)
oxides. These oxides remove impurities in the Cu matrix and recover the electrical conductivity
of pure Cu.
Figure 7.3 presents the TEM observations of the Al2O3 nanoparticles dispersed over the four
Cu alloys after two hours of internal oxidations at 980 °C and 1 atm. These images show that
the morphologies and spatial distribution of the dispersed Al2O3 are sensitive to Ti composition.
Increasing the relative weight fraction of Ti to Al decreases the oxide particle size and increases
the total number of particles.
The morphology of the oxide particle transforms from planar (or irregular) to uniform
spherical. This ‘spheroidizing’ phenomenon was observed primarily for metal alloys28 but is
rarely reported for coherent or semi-coherent interfaces between oxide particles and metals.
This structural change suggests that added Ti is critical to decreasing and homogenizing the
interfacial energies between the Cu matrix and the dispersed Al2O3 nanoparticles.
To characterize the detailed compositions of the oxides, we used energy-dispersive x-ray
(EDX) spectroscopic analysis for Alloy 4 in Table 7.1 (Cu-0.6Al-0.4Ti). The results (Figure
7.4) indicated that Ti partially substitutes Al in Al2O3 nanoparticles (i.e., a solid solution).
Figure 7.5 illustrates the average particle size, aspect ratio and volume density of the oxide
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particle over the Cu alloys as a function of the atomic fraction of Ti/Al. This figure provides
clear correlations between these parameters. The particle size and the aspect ratio decrease as
the atomic fraction increases. The volume density is proportional to the atomic fraction. Alloy
4 contains more Ti and Al (in terms of total weight) than Alloy 3, and both the size and the
aspect ratio are larger, but the volume density is almost identical. Therefore, atomic fractions
of Ti to Al describe the system better than weight.
Alloys 1 and 4 have almost the identical amount of the 2nd element in atomic fraction, but the
mechanical properties and electrical conductivity are different after the internal oxidation
process (Figure 7.2). The internal oxidation process, with the appropriate amount of Ti in the
Al2O3 nanoparticles, is critical in controlling the interfacial energies. There is a theory
describing the strengthening mechanism133-134 (uniformly dispersed oxide particles with
spherical morphology improve the mechanical strength of an alloy matrix for a given particle
volume). The increased mechanical strength is due to the impeded dislocation movement. The
spheroidized oxide particles also enhance mechanical ductility by removing the stress
concentrated at the interfaces between the oxides and the alloy matrix.
Figure 7.6 illustrates the HRTEM analysis of the pure Al2O3 nanoparticles dispersed in Alloy
1 and Alloy 3 with Ti solutes inside (Ti-Al2O3) after two hours of internal oxidation at 980 °C
and 1 atm. Alloy 1 includes only gamma-phase alumina (γ–Al2O3, face-centered cubic) with
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planar and irregular morphologies. This alloy was originated from the interface energies
between the Cu matrix and the dispersed γ–Al2O3 nanoparticles. Our HRTEM analysis
observed only {111}Al2O3 / {111}Cu interfaces, which are most likely the planes of the lowest
interfacial energy and force γ–Al2O3 to grow faster in only one direction. The dispersed TiAl2O3 nanoparticles in Alloy 3 appeared as polyhedrons (Figure 7.6c). HRTEM measurements
revealed additional interfaces of {100}Al2O3 /{100}Cu and {111}Al2O3 / {111}Cu . These findings
represent the Ti mitigated interfacial energy differences between the dispersed γ–Al2O3 and the
Cu matrix. The dispersed γ–Al2O3 in Alloy 3 grew into spherical structures that were smaller
than the oxide nanoparticles in Alloy 1.
Al2O3 and Ti should not form a solid solution at ambient conditions according to the
thermodynamic phase diagram.135 However, these materials do form oxides by reacting with
O over the Cu matrix. This reaction allows Ti to partially replace Al and create the Ti-soluted
γ–Al2O3. Other oxides formed in Alloy 3, such as TiO2 and Al3TiO2, were much smaller than
the Ti-soluted γ–Al2O3. However, these oxides may increase conductivity because the oxide
formation further decreased the solute in the copper matrix.
Figure 7.5c and d illustrate the mechanical properties (strength, hardness and ductility) and
electrical conductivities of the four Cu alloy systems after internal oxidation. The two material
properties, mechanical strength and electrical conductivity, were speculated as mutually
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exclusive. Figure 7.2, however, shows that we overcame the conventional limit by designing
hybrid interfaces between dispersed γ–Al2O3 nanoparticles and the Cu alloy matrix with the
addition of controlled amounts of Ti solutes. Alloy 3 demonstrated 7% enhanced electrical
conductivity and 300% enhanced mechanical ductility compared to Alloy 1. The fundamental
mechanism of Alloy 3 was the spheroidizing of the dispersed Al2O3 nanoparticles by Ti solute
through homogenized interfacial energies with the Cu matrix.
Using first-principles density functional theory (DFT) calculations, we validated the
experimental observations of the multifunctionality of Cu alloys dispersed with Ti-soluted γ–
Al2O3 nanoparticles. We created model systems of γ–Al2O3//Cu to simulate interface structures
of (100), (110) and (111) facets (Figure 7.7). Table 7.2 provides our DFT results demonstrating
that Ti thermodynamically prefers to partially substitute for Al in the γ–Al2O3(100)//Cu(100)
and the γ–Al2O3(110)//Cu(110) but not in the γ–Al2O3(111)//Cu(111) interfaces. To evaluate
the thermodynamic stability of each structure, we calculated the interfacial decohesion energy,

Wde , defined in Equation (7.1):

Wde 

ECu  EAl2O3  EInter

(7.1)

A
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where ECu , EAl2O3 , and EInter are the energy of Cu, Al2O3 and the total interface system of
Al2O3//Cu, respectively (calculated by the DFT method). A represents the interfacial area
between γ–Al2O3 and the Cu matrix. Increased positive Wde is correlated with increased
thermodynamic stability. Wde values (DFT calculations) are reported in Table 7.3. Our results
indicate that without Ti, the γ–Al2O3(111)//Cu(111) interface is the most stable. This finding
supports our experimental results (Alloy 1). Ti doping the Wde for the γ–Al2O3(100)//Cu(100)
interface structure was substantially increased, whereas γ–Al2O3(111)//Cu(111) was decreased.
Therefore, the interfacial energies for the different facets of the γ–Al2O3//Cu were
homogenized by adding Ti as suggested by the HRTEM observations.
Using the DFT calculated interfacial energies, we predicted the morphologies of dispersed γ–
Al2O3 nanoparticles with and without added Ti using the Wulff construction method136. Figure
7.8 shows both the images observed by TEM and the DFT calculations (insets). Our firstprinciples DFT calculations support the underlying mechanism for the high mechanical
strength, ductility and electrical conductivity of Cu alloys.
To determine whether our materials are appropriate for industrial applications, we processed
Alloy 4 into a wire of 0.95 mm in diameter followed by the internal oxidation process at 980
°C for one hour. After removal of the oxide scales on the Cu surface, the diameter decreased
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to 0.63 mm. We further reduced the cross-sectional area of the wire to 5% of the initial value
with a room-temperature drawing process. Figure 7.9a reports the measured tensile strength
and the electrical conductivity of the drawn wire as a function of drawing ratio (true strain ɳ =
ln(A0/A), where A0 and A are the cross-sectional area of the wire before and after drawing,
respectively. The electrical conductivity and the tensile strength of the oxidized wire were
measured as 93.32% of the IACS value and 269 MPa, respectively (Figure 7.9a). The slight
deviation in the electrical conductivity from the IACS value can be attributed to the geometry
of the wire specimen. The electrical conductivity measured for a wire sample is more relevant
than a plate-type structure because the cross-sectional area and length of the wire can be
precisely defined at any stage of the testing procedure.
Our results indicated that the tensile strength was increased by the work hardening and the
electrical conductivity of the wire slightly decreased (3% from the initial value of Alloy 4)
despite the fact that it was processed with a high drawing ratio (true strain ɳ = 3). We
demonstrated that the wire fabricated from Alloy 4 could be work hardened at room
temperature and function in industrial applications.

We applied the thermomechanical process to our Cu alloy with 95 % drawing and annealing
at 160 °C for 30 minutes. Surprisingly, the mechanical strength of the material decreased only
less than 10 %. Furthermore, as shown in stress-displacement curve (Figure 7.9a) the region of
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uniform deformation spans about 2 %. Another important thing to note is that electrical
conductivity was improved as high as 93 % IACS with mechanical strength of 530 MPa and
2.7 % ductility even after the thermomechanical treatment. These results can be ascribed to the
high thermal stability of the Cu alloy strengthened by the dispersed oxide particles.

Compared to previously reported copper alloys,137-146 our materials show much better
performances in simultaneous mechanical strength and electric conductivity. For example, with
respect to Cu-Al138 alloy the two functionalities of our materials have weaker to slightly
stronger ultimate tensile strength (UTS) values (depending on the processing conditions) of
450 - 584 versus 550 - 560 MPa, and significantly higher conductivities (90 % versus ~ 81%
IACS) for all conditions for the similar volume fraction (Figure 7.9b). Figure 7.9 illustrates
that there is room for further enhancement of the mechanical strength. We report exceptional
performance of our specimen in well-established processes in alloy manufacturing. Our study
may be an important step toward improving mechanical strength by combining powder
metallurgy or grain boundary engineering technology with severe plastic deformation145, 147-148.
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7. 4 Conclusions
We designed strong, ductile, and conductive Cu alloys by uniformly dispersing spherical
structures of γ–Al2O3 nanoparticles using a decreased and controlled total interface energy with
added Ti solid solutes.149 Although these materials were previously well established in the
industrial sector, the multifunctionality we observed was beyond conventional expectations.
The critical mechanism originated from the homogenized interfacial energies of the γ–
Al2O3//Cu in the Ti solution to primarily oxide particles and the effective removal of impurities
inside the Cu matrix (thermodynamic formations of various oxides with Ti). Nevertheless, we
showed the ductility of our materials can be further enhanced by appropriate thermomechanical
treatments: for instance, the recovery and recrystallization process for a severely plastically
deformed material. And just scaling up of our specimen size probably improves the ductility
level as well. We propose the fabrication of a competitive copper alloy can be combined with
post-fabrication methods, such as powder metallurgy or the inclusion of nanoscale grains in
alloy matrix. This method may result in excellent mechanical properties and electrical
conductivity.
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Table 7.1 Four Cu alloys with varying Al and Ti compositions.
Composition (wt%)

Cu

Al

Ti

Ti/Al (wt%)

Ti/Al(at%)

Cu-0.8Al

Bal.

0.8

-

0

0

Cu-0.7Al-0.1Ti

Bal.

0.7

0.1

14

8

Cu-0.4Al-0.4Ti

Bal.

0.4

0.4

100

57

Cu-0.6Al-0.4Ti

Bal.

0.6

0.4

58

33
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Table 7.2 DFT calculated Ti doing energy in the hybrid interface structures of Cu and the
dispersed γ-Al2O3 nanoparticles.
Al2O3 (100) (eV/Å 2)

Al2O3 (110) (eV/Å 2)

Al2O3 (111) (eV/Å 2)

Cu (100)

0.089

0.042

0.283

Cu (110)

0.088

0.051

-

Cu (111)

0.084

0.045

0.310

110

Table 7.3 DFT calculated interface decohesion energies between Cu matrix and dispersed
Al2O3 particles with and without Ti solute in the oxides.
2

Al2O3

Al2O3 (100)

Al2O3

(100)

Ti doped

(110)

Cu (100)

0.63

0.92

0.78

Ti doped
0.78

Cu (110)

0.49

0.81

0.84

Cu (111)

0.13

0.49

0.56

(J/m )

111

Al2O3 (110)

Al2O3
(111)

Al2O3 (111)

0.66

Ti doped
0.39

0.72

-

-

0.47

1.01

0.64

Figure 7.1 Schematic flow diagram showing the process in (a) and in (b) the internal
oxidation method to design Al2O3 nanoparticle dispersed Cu alloys.
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Figure 7.2 Stress vs. strain relationships of Cu-Al and Cu-Al-Ti alloys before internal
oxidation in (a), and in (b) and (c) after 2 and 4 hours of oxidations at 980 °C in ambient
atmosphere, respectively. Electric conductivity of Cu alloys with varying oxidation time
was shown in (d).
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Figure 7.3 TEM images of the microstructures for Cu-based alloys of Cu-0.8%Al in (a)
and in (b) Cu-0.7%Al-0.1%Ti, for (c) Cu-0.4%Al-0.4%Ti and in (d) Cu-0.6%Al-0.4%Ti.
All materials were oxidized for 2 hours at 980 °C in 1 atmosphere. Distribution of the
dispersed oxide nanoparticles in each alloy was plot as a function of size at (e), (f), (g) and
(h), respectively.
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Figure 7.4 EDX analysis of dispersed γ-Al2O3 nanoparticles in Cu-0.6%Al-0.4%Ti.
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Figure 7.5 Averaged sizes and volume densities in (a) and in (b) aspect ratios of dispersed
oxide nanoparticles in Cu matrix after 2 hours of oxidation at 980 °C under ambient
atmosphere. Relationships of conductivity-hardness and strength-ductility for the oxide
nanoparticles after oxidations for 2 or 4 hours were shown at (c) and (d), respectively.
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Figure 7.6 HRTEM images of dispersed γ-Al2O3 nanoparticles in Cu-0.8%Al alloy of
planar in (a) and rectangular shapes in (b). Images in (c) represent morphology of Ti
soluted γ-Al2O3. The images (d) and (e) are for TiO2, while (f) and (g) are for Al3Ti5O2
nanoparticles in Cu-0.4%Al-0.4%Ti alloy after internal oxidation. The (d) ~ (g) were
observed in replica.
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Figure 7.7 Thermodynamically stable interface structures for the Cu matrix and γ-Al2O3
nanoparticles with and without Ti solutes captured by first principles DFT calculations.
In

(a)

Cu(111)/Al2O3(111),

Cu(111)/Al2O3

+

Ti(111),

(b)

Cu(100)/Al2O3(100),

Cu(100)/Al2O3 + Ti(100), and (c) Cu(110)/Al2O3(110), Cu(100)/Al2O3 + Ti(110).
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Figure 7.8 TEM images of dispersed alumina nanoparticles at Cu-8Al in (a) and in (b) at
Cu-4Al-4Ti alloys after internal oxidations. The insets represent the particle structures
predicted by Wulff construction method based on ab-initio calculated interface energies.
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Figure 7.9 Plot in (a) represents electric conductivity and mechanical strength of Cu0.6%Al-0.4%Ti alloy as function of drawing ratio and successive annealing process, and
in (b) comparison of our Cu alloys in electric conductivity and tensile strength with
previously reported materials.
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Chapter 8.

Conclusions

In this thesis, we utilize a first principles density functional theory (DFT) calculations to
investigate interface and electronic structures, thermodynamic and kinetic properties of hybrid
interface materials. We have focused on film-type and dispersion-type hybrid interface
structures with five specific cases.
1. Using first principles DFT calculations and AIMD simulations we characterized thermal
stability of LNO(012) surface with ultrathin Al2O3 coating. We identified that Al2O3 with one
and two atomic layers in (0001) direction of corundum were stabilized with the parent
crystallinity, but phase transformed into amorphous structure at three atomic layers. Interface
decohesion energy between LNO(012) surface and Al2O3 decreased with the increase of Al2O3
thickness but still maintained the strong Al-O ionic bonding, which controlled the interface
contact strength of the two materials. Our AIMD simulations and RDF consistently confirmed
a-Al2O3 and Li composition in the coating layers are key parameters keeping the LNO(012)
surface from serious degradation via O2(g) evolution. Our work will contribute to guiding
rational design of high performance LIB system with thermally stable materials over a long
time operation.
2. We also demonstrated that the adsorption energies of LiO2 and Li2O2 play key roles in the
catalysis of ORR and OER in Li–O2 batteries. We demonstrated the catalytic activity in the Gr-
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based materials can be optimized via N atomic doping and employing overlaid Cu(111) surface.
It was shown that Cu support not only facilitates chemical interaction between O2 and Li, and
Gr surface, but also induces favorable electronic charge distribution at the interface with Gr.
Our calculated free energy diagrams for ORR and OER in Li–O2 battery in an aprotic
electrolyte as a function of electrode potential led to unveiling the fundamental mechanisms
for the rate determining steps and proposed promising candidate catalysts. Our study can help
for an optimal design of non-precious catalysts for ORR and OER over a wide range of
electrochemical energy devices.
3. We present oxygen-deficient black ZrO2-x as a new material for sunlight absorption with
a low band gap around ~1.5 eV, via a controlled magnesiothermic reduction in 5% H2/Ar from
white ZrO2, a wide band gap(~ 5 eV) semiconductor, usually not considered for solar light
absorption. It shows for the first time a dramatic increase in solar light absorbance and
significant activity for solar light-induced H2 production from methanol water with excellent
stability up to 30 days while white ZrO2 fails. Generation of large amounts of oxygen vacancies
or surface defects clearly visualized by the HR-TEM and HRSEM images is the main reason
for the drastic alteration of the optical properties through the formation of new energy states
near valence band and conduction band towards Fermi level in black ZrO2-x as indicated by
XPS and DFT calculations of black ZrO2-x. Current reduction method using Mg and H2 is mild,
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but highly efficient to produce solar light assisted photocatalytically active black ZrO2-x.

4. We report that a single crystal Ni2Si nanowire (NW) of intermetallic compound can be
reliably designed using simple three-step processes: casting a ternary Cu-Ni-Si alloy, nucleate
and growth of Ni2Si NWs as embedded in the alloy matrix via designing discontinuous
precipitation (DP) of Ni2Si nanoparticles and thermal aging, and finally chemical etching to
decouple the Ni2Si NWs from the alloy matrix. By direct application of uniaxial tensile tests to
the Ni2Si NW we characterize its mechanical properties, which were rarely reported in previous
literatures. Using integrated studies of first principles density functional theory (DFT)
calculations, high-resolution transmission electron microscopy (HRTEM), and energydispersive X-ray spectroscopy (EDX) we accurately validate the experimental measurements.
Our results indicate that our simple three-step method enables to design brittle Ni2Si NW with
high tensile strength of 3.0 GPa and elastic modulus of 60.6 GPa. We propose that the
systematic methodology pursued in this paper significantly contributes to opening innovative
processes to design various kinds of low dimensional nanomaterials leading to advancement of
frontiers in nanotechnology and related industry sectors.

5. We designed strong, ductile, and conductive Cu alloys by uniformly dispersing spherical
structures of γ–Al2O3 nanoparticles using a decreased and controlled total interface energy with
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added Ti solid solutes. Although these materials were previously well established in the
industrial sector, the multifunctionality we observed was beyond conventional expectations.
The critical mechanism originated from the homogenized interfacial energies of the γ–
Al2O3//Cu in the Ti solution to primarily oxide particles and the effective removal of impurities
inside the Cu matrix (thermodynamic formations of various oxides with Ti). Nevertheless, we
showed the ductility of our materials can be further enhanced by appropriate thermomechanical
treatments: for instance, the recovery and recrystallization process for a severely plastically
deformed material. And just scaling up of our specimen size probably improves the ductility
level as well. We propose the fabrication of a competitive copper alloy can be combined with
post-fabrication methods, such as powder metallurgy or the inclusion of nanoscale grains in
alloy matrix. This method may result in excellent mechanical properties and electrical
conductivity.
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국문요약

제일원리전산을 이용한 고 효율 고 내구성
에너지 저장 및 융합 기기용 복합 계면 물질 소재 설계

지금까지 에너지 소재용 물질들과 융합 기기용 소재들은 공정이 단순한 물질들
을 최적화된 방법을 통해 성능을 개선해 왔다. 하지만 친환경 에너지 활용의 다
양화와 융합 기기들의 발전에 따라 이들의 성능향상을 위한 새로운 물질 및 소
재들에 대한 연구가 불가피한 상황이다.
그 중 기존의 널리 알려진 좋은 성능의 물질들은 대부분이 높은 가격이거나 내
구성이 안 좋은 문제들을 가지고 있다. 이러한 문제점들을 해결하고자 기존의
물질들을 토대로 복합 계면 물질을 합성함으로써 가격이 비싼 물질들의 양을
줄이고 내구성이 약한 부분들은 보완하고자 한다. 그러나 이러한 방법을 적용시
키기 위해서는 기존보다 계면에 대한 나노 수준에서의 이해와 새로운 실험 및
분석 방법들이 필요하다. 특히 복합 계면 소재의 경우 계면에서 발생되는 새로
운 효과들을 실험적으로 정확히 분석하기가 매우 어렵다. 이는 기존의 벌크 수
준의 특성들이 사라지고 두 물질의 표면에서 나타나는 성질들이 하나의 계면을
이루면서 나노 수준에서 새로운 특징들로 나타나기 때문이다.
본 연구에서는 제일원리전산모사를 이용하여 실험적으로 파악하기 힘든 복합
계면 소재들의 에너지 저장 또는 융합 기기 소재들에서의 효율과 내구성 향상
을 목표로 하여 촉매 반응 메커니즘 분석과 구조적, 열적 특성을 파악하였다.
이러한 방법들은 슈퍼컴퓨터를 활용하여 고속으로 물질 성능을 자료화하고 탐
색하여 새로운 복합 계면 물질 소재들에 대한 설계를 제안해준다.

핵심어: 제일원리 전산모사, 복합 계면 소재, 에너지 저장, 융합 기기
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